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This study will be divided into two main pillars in interrogating the microstructural barriers 
prevalent at the nanoscale: (i) the effect of twin and grain boundaries along with their contribution 
on the irreversibility of the crack-tip emitted slip under cyclic fatigue loading, (ii) the atomistic 
scale lattice resistance against glide motion of dislocations in a perspective of laying out the 
dislocation core-crystal structure and applied loading interplay in particular embracing the plastic 
behavior in ordered shape memory alloys. The primary goal of the current work is to provide 
physical insight for the implications of the slip-mediated plasticity in fatigue crack growth and 
non-Schmid behavior on both experimental and theoretical grounds. 
In first part of the current study, the near threshold fatigue crack growth behavior of 
nanocrystalline Ni-2.89% wt. Co (Ni-Co) alloy with nanotwinned microstructure will be 
characterized in particular based on the contribution of microstructural variables such as the on-
going crack-tip emitted dislocation and twin/grain boundary (i.e. of 3 , 9  and 11  types) 
interactions, the pre-existing dislocation density and the characteristic dimensions of grain size, 
twin thickness and spacing. In order to accomplish this task, we architectured the microstructure 
of nanocrystalline Ni-Co alloy by conducting annealing treatments at various temperatures and 
promoted grain-twin coarsening as well as varying the pre-existing slip density. Furthermore, we 
conducted experiments on these engineered microstructures under uniaxial tension and cyclic 
fatigue loading employing Digital Image Correlation technique at different length scales. The 
monotonic tension experiments enables to characterize the contribution of microstructural 
variables on the mechanical response of Ni-Co alloy, such as ductility and strength. On the other 
hand, the cyclic fatigue crack growth experiments help identify the variation of crack growth 
behavior and threshold levels of Ni-Co alloy along with the architectured microstructures. The 
experimental measurements show that nanotwins hierarchically embedded in the microstructure 
of Ni-Co alloy promotes ductility and fatigue threshold in a profound fashion with decreasing 
characteristic dimensions.  
Meanwhile, the primary focus is on nanocrystalline Ni-Co alloy, the current work has been 
put forward to establish a physical model informed by the multi-scale microstructural parameters 
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which is capable of predicting the fatigue threshold levels of metallic materials devoid of 
empiricism. To that end, we simulated the interaction of crack-tip emitted slip and the grain/twin 
boundaries within the framework of Molecular Dynamics and characterized the on-going 
dislocation reactions as well as the crystalline resistance at the boundary against the glide of 
dislocations participating in these reactions. Subsequently, the effective threshold stress intensity 
factor range, 
eff,thK , metric is predicted on theoretical grounds by incorporating physical 
parameters such as the friction stresses both inside the pristine crystal and at the grain/twin 
boundaries along with the glide geometry associated with the prevailing dislocation reactions into 
the  continuum scale dislocation motion equations. The modelling efforts for cyclic glide motion 
of crack-tip emitted dislocations as a function of applied stress factor range , 
effK , provided a 
quantitative basis to determine the microstructure-sensitive crack threshold levels on theoretical 
grounds. The results indicate that coherent twin boundaries ( 3  type ) impart superior fatigue 
properties to Ni-Co alloy compared to the less-coincident grain boundaries of 9  and 11  types. 
As a distinguishing finding of the present study, the increasing frequency of the grain and twin 
boundaries-linked with the grain size and twin spacing & thickness- are determined to promote the 
fatigue threshold levels in Ni-Co alloy.  
In the second part of the study, the mechanisms governing the slip-mediated plasticity of 
the ordered shape memory alloys, particularly Fe3Al and NiTi, are focused on both experimental 
grounds (via Digital Image Correlation technique) and employing theoretical atomistic scale 
dislocation core simulations. The non-Schmid character of the plastic response profoundly 
governs on the functional performance of this class of alloys imparting tension-compression 
asymmetries and anisotropic glide resistance as a function of crystal orientation. To accomplish 
this task, the dislocation core structures are calculated employing Molecular Statics-Dynamics 
simulations and subsequently the interaction mechanisms of the non-planar dislocation core 
structure with applied stress tensor components are identified considering the corresponding 
crystal symmetries involved. The dislocation core shape that is governed by the atomistic scale 
disregistry distributions under applied loading is demonstrated to play a decisive role on the 
anisotropic glide resistance which results in deviations from the Schmid law.  The theoretical 
predictions for the anisotropic glide resistance are demonstrated to be in well agreement with the 
high magnification experiments conducted on single crystals of these alloys. The current 
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methodology followed enables us to build a comprehensive understanding for the non-Schmid 
glide behavior of dislocations in austenitic phase of Fe3Al and NiTi shape memory alloys 
considering the effects of both glide and non-glide stress components. Furthermore, generalized 
yield criteria for these materials are established extending atomistic scale core mechanics to the 
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Chapter 1 : Introduction 
1.1 Background  
  Recent advancements in manufacturing technologies allow for tailoring materials 
fulfilling the requirements of the modern industrial society. Modern production techniques such 
as electrodeposition allow us to fashion architectured nanoscale microstructures into bulk- low 
defect density materials which exhibit superior tensile strength and fatigue crack growth (FCG) 
resistance compared to the conventional metallic materials. The improved fatigue crack impedance 
of the nanocrystalline materials originates from the interaction of the crack-tip emitted dislocations 
with the grain and twin boundaries under the cyclic fatigue loading. Admittedly, a comprehensive 
understanding of the slip transmission mechanisms across a grain boundary is necessary to shed 
light on the microstructural parameters promoting FCG resistance of nanostructured materials. 
Contemporary characterization and modelling tools allow us to decipher the prevailing 
mechanisms at different scales - from short range atomistic interactions to long range continuum 
scale behavior. In this study, utilizing (i) EBSD-TEM analyses for microstructure characterization, 
(ii) Molecular Dynamics (MD) simulations for atomistic scale identification of slip transfer 
mechanisms and finally (iii) continuum scale dislocation motion simulations for macroscopic 
crack growth behavior modelling;  we will present a multiscale analysis on the FCG behavior of 
nanocrystalline Ni-2.89% (wt.) Co alloy manufactured by the electrodeposition technique. 
           There are also systems of alloys in which the activation of slip degrades the functional 
performance such as shape memory alloys which owe their shape recoverability to the reversible 
nature of the martensitic transformations or introduction of recovery forces as a result of local 
ordering changes with the glide. In this class of alloys, the slip behavior does not follow the critical 
resolved shear stress (CRSS) rule which is also denoted as Schmid Law. As a result of the interplay 
between dislocation core shape and the applied stress tensor components prevalent  at the atomistic 
scale, the glide resistance exhibits a stark anisotropy the extent of which changes based on the 
crystallographic orientation and applied stress state. In promoting the functional performance of 
these alloys, a bottom-up approach should be followed to identify the mechanisms participating in 
the emergence of irreversible strain fields. To this end, interrogation of the slip-mediated plasticity 
holds an important place to promote the strain reversibility.       
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 Based on this rationale, Molecular Statics/Dynamics simulations are conducted to analyze 
the response of non-planar screw dislocation core structure with the applied loading. In order to 
accomplish this task, single crystalline NiTi and Fe3Al alloys are employed and uniaxial loading 
experiments are conducted via Digital Image Correlation (DIC) Technique. The resulting 
experimental data are compared with the theoretical findings within the framework of Peierls-
Nabarro calculations. Furthermore, generalized yield surfaces are constructed to bridge the 
atomistic-scale calculations to the macro-scale crystal plasticity.  
          As aforementioned, the reflections of the slip-mediated plasticity are interrogated for both 
cyclic and monotonic loading conditions encompassing the constitutive response at different 
length scales. Further, a multidisciplinary path is followed to build a comprehensive understanding 
on the undergoing physical mechanisms. A detailed consideration of the interatomic forces 
governing the transmission slip across a twin/grain boundary in Ni-Co alloys and constructing the 
equilibrium core structure under a prescribed loading state for shape memory alloys on physical 
grounds opens a window to interrelate the experimental and theoretical calculations for slip on 
mechanical basis. To that end, throughout the study, different experimental techniques such as 
DIC, TEM imaging, EBSD analyses and theoretical approaches such as Continuum Mechanics, 
Molecular Dynamics and Statics will be invoked as it is necessary to establish a comprehensive 
background and develop versatile models embracing the underlying physics devoid of empiricism.              
1.2 Thesis Organization 
 In the thesis, we follow a multiscale path to accomplish these two goals: (i) the cyclic based 
characterization of the microstructural parameters such as grain boundary types, grain size, twin 
size and spacing and preexisting dislocation density for the fatigue crack growth properties of Ni-
Co alloy engineered with different heat treatment paths, (ii) the interplay between the dislocation 
core - applied stress tensor components and their reflections on the slip-mediated plastic response 
of shape memory alloys in macro-scale, i.e. NiTi and Fe3Al.  
 The first part of the thesis, Chapter 2, will be dedicated to the microstructural 
characterization of nanocrystalline (with embedded nano-twins) Ni-Co alloy employing TEM 
imaging and EBSD analyses. These techniques will enable us to demonstrate the representative 
microstructures of Ni-Co alloy subjected to different heat-treatments and obtain the orientation 
mapping which is of significant importance to classify the grain and twin boundaries. Following 
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this step, we will report the uniaxial tensile response of Ni-Co alloy with different microstructures 
employing Digital Image Correlation (DIC) technique which allows us to quantify the local strain 
mapping synchronized with the load frame data in terms of stress. To demonstrate the undergoing 
deformation mechanisms under monotonic loading, TEM images taken post-deformation  will be 
also demonstrated.  
            After identification of the constitutive behavior and underlying deformation mechanisms, 
the data regarding the fatigue crack growth experiments will be presented for the two selected 
microstructures of Ni-Co which constitute the limiting edges among the different microstructures 
focused on previously. With the guidance of measured effective fatigue threshold and 
characterization of crack growth rates in Paris regime for these two particular microstructures, 
high-magnification fatigue crack growth test data will presented which allows to measure the 
cyclic irreversible strain as well as the peak strain levels reached at the crack tip conveying the 
extent of plasticity on-going at the crack tip zone.    
         In the modelling part of the Chapter 2, we will concentrate on establishing the on-going 
dislocation twin and grain boundary reactions employing Molecular Dynamics simulations. 
Following the identification of possible reaction sets, we will implement these data into the 
continuum scale dislocation motion equations as input. The Burgers’ vectors of the incoming and 
out-going dislocations as well active slip systems, friction stress exerted against the slip-
transmission at the different grain-twin boundaries will be extracted from the implementeation of 
the Peierls-Nabarro analysis on the Molecular Dynamics-based data. Furthermore, the continuum 
scale dislocation and crack interactions will be identified based on the linear elasticity and cyclic 
irreversibilities of the different microstructures will be quantified. These multi-strata calculations 
will allow us to identify the variation of the microstructure-sensitive fatigue threshold in Ni-Co.  
       In the second part of the thesis, Chapter 3 and Chapter 4, two different shape memory alloys, 
i.e. Fe3Al and NiTi, will be interrogated based on their slip-mediated plasticity characteristics. To 
accomplish this task, we will present the anisotropic glide resistance of this class of alloys 
employing DIC technique on single crystalline samples particular selected in different loading 
orientations under uniaxial tension and compression loading. Following the identification of the 
anisotropic glide resistances, the deviations from the Schmid law, denoted also as critical resolved 
shear stress (CRSS) law will be quantified. The resulting anisotropic behavior in CRSS levels will 
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be explained within the framework of non-planar core structures prevalent in these materials. To 
accomplish this goal, Molecular Statics-Dynamics simulations will be conducted and the atomistic 
scale displacements of the dislocation core structures will be analyzed based on the applied stress 
components. Within the framework of Peierls-Nabarro analysis, theoretical CRSS values will be 
established and compared with the experimental measurements in both materials. Following the 
identification of the role of different character stress tensor components, such as glide shear or 
non-glide shear and normal stresses, generalized yield criteria will be constructed to bridge the 
atomistic scale calculations with the macro-scale crystal plasticity. The multi-scale approach 
followed will allow to build a comprehensive understanding on the anisotropic plastic behavior of 


















Chapter 2 : A Multiperspective Analysis on Microstructure-sensitive Fatigue Crack 
Growth Behavior in Nanoarchitectured Ni-Co Alloy 
2.1 Introduction 
2.1.1 Effects of microstructural barriers on the cyclic glide behavior of dislocations                               
Most structures undergo low crack growth rates during service life and operate at stress 
intensity levels in which crack propagation is sensitive to microstructure. Under these 
circumstances, denoted as the threshold growth regime, the fatigue crack propagation rate 
exhibits substantial variability and to identify a unique threshold stress intensity level below 
which the fatigue crack attains a non-propagating state is a formidable task. In threshold regime, 
FCG rate vs stress intensity factor range curves are usually segmented as a result of  material 
microstructure effects such as grain/twin boundaries or local dislocation density ahead of the 
crack tip. The interplay between the advancing crack and the surrounding microstructure stands 
out as a challenging problem in predicting metal fatigue life.  To this end, there is a strong need 
for incorporating the near threshold FCG behavior in a model for estimation of fatigue life or 
correctly deciding the inspection intervals within a damage tolerance approach. Unless there is a 
description that encompasses the threshold region, the predictive capabilities have significant 
shortcomings. 
          In this study, we address the fatigue threshold determination which remains one of the 
unsolved topics in the mechanics of fatigue. The fatigue threshold level is difficult to determine 
experimentally and its continuum scale treatment as an empirical constant is not sufficient. In fact 
experimental methods of measuring thresholds have been under considerable debate. Currently 
suggested  methods described within the ASTM E 647-15 standard [4], besides lacking a scientific  
explanation for the loading history effects, do not address the role of non-continuum effects on the 
threshold determination.  Our calculations of the threshold without using empirical constants 
underscores the need to incorporate key microstructural parameters in an atomistic-continuum 
framework. To quantify the relationship between the non-unique FCG rate and the applied stress 
intensity factor range in microstructure-sensitive regime, this work underscores the confluence of 
three main variables surrounding the crack front: the grain boundary type, the shielding 
dislocations, and the grain dimension.  
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              Within the last three decades, nanograins were introduced into the engineering materials 
to impart superior mechanical properties such as ultrahigh yield and fracture strengths on the 
order of GPa’s as well as high wear resistance. [5, 6]. Unfortunately, many alloys with a 
microstructure composed of nanograins exhibited low ductility despite high strength. A major 
advancement for the superior ductility in nanograined materials occurred with the introduction of 
nanotwins via electrodeposition and deformation processing [7-9].  The nanotwinned 
microstructures promote glide motion along the twin lamellae and incorporate dislocations at the 
interfaces acting as efficient slip barriers [6, 10, 11]. Furthermore, the FCG resistance can be 
improved with nanosized grains and twins compared to coarse grained alloys [12-15]. The 
improved fatigue crack impedance in this class of materials originates from the interaction of the 
crack tip emitted dislocations with the grain and twin boundaries [16-18]. Admittedly, a 
comprehensive understanding of the slip transmission mechanisms across a grain/twin boundary 
is necessary to shed light on the microstructural parameters promoting the FCG resistance of the 
nanostructured materials.  
   Studies on fatigue behavior of ductile metallic materials indicate that the cyclic slip 
irreversibility induced extrusions, intrusions and voids serve as crack initiation sites [19]. Early 
research efforts have mainly focused on the propagation mechanisms at moderate crack growth 
rates at which the crack advance can be correlated with the stress states formulated by Linear 
Elastic Fracture Mechanics (LEFM). At these rates, the main governing growth mechanisms 
proposed are  “plastic blunting-reshapening” of the crack tip [20] and the kinematic slip 
irreversibilities due to alternating slip processes [21]. The common features of both mechanisms 
are the presence of flow along two slip systems intersecting at the crack tip and the resulting 
striation marks on the fractured surfaces which can be correlated with the crack growth rate [20].    
    It is well known today that fatigue crack growth in ductile metallic materials is a 
phenomenon directly related to the irreversible cyclic slip at the crack-tip [19-22]. As the crack 
tip-emitted dislocations interact with the nearest microstructural barriers before the crack itself, 
the strength of the barrier against slip transmission plays a significant role in the magnitude of 
irreversible crack-tip displacement. Experimental studies focusing on the fatigue crack and 
microstructure interactions indicate that the magnitude of cyclic plastic strain accumulation on 
the grain boundaries is decisive on the crack growth rate [23, 24]. On theoretical grounds, early 
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modelling efforts solely utilizing continuum scale tools could capture only qualitative trends for 
the effects of the microstructural barriers on eff,thK [25-28]. On the other hand, the fundamental 
physics underlying the transfer of glide across a grain/twin boundary during cyclic slip motion 
involves non-continuum interaction forces and atomistic scale calculations which should be 
employed to establish a quantitative understanding [29]. The multiscale studies utilizing both 
continuum and non-continuum tools to quantify eff,thK   have proven themselves to be successful 
in the recent years [30, 31]. Even though a rich body of literature surrounds the grain boundary 
effects on the fatigue crack growth behavior a quantitative approach bridging both the 
experimental measurements and the microstructure effects prevalent at nanoscale is yet to be 
present. This study aims to employ fatigue crack growth experiments on nanocrystalline Ni-Co 
alloy and multiscale (atomistic-continuum) cyclic dislocation motion simulations to build a 
comprehensive understanding on the effects of the different grain boundary structures as well as 
microstructural parameters such as the frequency of the twin/grain boundaries reflected by the 
twin thickness-spacing and grain size as well as the role of the pre-existing slip ahead of the 
crack-tip. Towards this goal, we investigated the role of  coherent twin boundaries (CTB’s) and 
pre-existing slip, or namely initial dislocation density, on the fatigue crack growth impedance of 
nanocrystalline materials. Furthermore, the barrier effects of grain boundaries are discussed in 
detail paving the way for the future work.      
The growth mechanism of cracks shows a transition from striation formation to 
irreversible shear glide, along the primary slip system, exhibiting a threshold behavior below 
propagation rates of 10-6 mm/cycle [32, 33]. As the stress-strain distribution ahead of these long 
cracks ischaracterized by employing linear elastic fracture mechanics (LEFM), a mechanical 
threshold can be associated with the crack advance condition based on the applied stress and 
crack size  [34, 35]. For crack sizes comparable to the characteristic microstructural dimensions, 
e.g. grain size or twin thickness and spacing for polycrystalline Ni-Co, the strength of the 
grain/twin boundaries and their distances to the crack tip are decisive in the magnitude of 
irreversible cyclic crack tip displacement. Thus an intrinsic, microstructural threshold exists 
regarding the strongest barrier to be overcome for the fatigue crack by the mechanical driving 
forces [34-36]. As this threshold represents the intrinsic resistance of the material associated with 
its resistance against the crack growth, it should be independent of the mechanical loading path 
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such as plasticity induced closure effects. Thus, in this work, the effective threshold stress 
intensity factor range, eff,thK , metric will be employed as a measure of the microstructural 
threshold. 
            In the near threshold FCG regime (also known as Stage I [37]) that we will focus on in 
the present work, the microstructural features such as grain and twin boundaries can obstruct the 
glide motion of the crack-tip emitted dislocations along the activated crystal slip system [17, 26, 
36]. This microstructure sensitive crack growth mechanism is illustrated in Figure 2.1 below. As 
can be seen, both twin and grain boundaries can obstruct the dislocation motion during forward 
and reverse portions of the cyclic loading and this mechanism introduces irreversible 
displacements at the crack tip linked with the difference between the number of crack tip -
emitted dislocations and the dislocations returning to the tip at the end of the cycle promoting the 
crack growth. The residual slip vectors which are outcomes of the slip transmission across the 
grain boundary during cyclic glide motion,( i.e. r,forwardb  and r,reverseb ), are of paramount 
importance in crack growth as the combination of these vectors directly quantify the irreversible 
cyclic crack tip advancement along with the dislocation annihilation mechanism. Ultimately, in 
the present work, our aim has been to establish a scientific methodology to predict the fatigue 
threshold levels, and the dependence of the threshold on the microstructural features introducing 
the strength and energy parameters for the dislocation reactions. This will allow us to bridge the 
macroscopic scale engineering parameters to the atomistic and meso-scale mechanisms. 
 
Figure 2.1 shows the intragranular propagation mechanism for fatigue cracks at Stage I due to 
the shear driven irreversible cyclic glide of crack-tip emitted dislocations. The grain and twin 
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boundaries encountered by the crack tip emitted dislocations on their cyclic glide trajectories 
incorporate or partially transmit these dislocations resulting cyclic plastic displacements at the 
crack tip. It is to be noted that in Stage II, the plastic region around the crack tip encloses 
numerous grains and crack prefers to align its propagation direction normal to the tensile loading 
axis. This introduces a transition from Mode II or Mode III to a Mode I loading configuration for 
the loading geometry illustrated.     
              Another influential variable playing a decisive role in crack propagation is the variation 
of the strength of the crystal in which the dislocation glides as a result of the grain and twin 
boundaries. These boundaries behave as slip obstacles and introduce changes in the slip plane 
and the Burgers vector of the crack tip emitted dislocations en-route. Besides the obstacle effect 
of the boundaries, the characteristic dimension of the microstructural features also play a 
decisive role in the cyclic FCG rate. These dimensions can be classified based on the size of the 
neighboring grains along the boundary and they are important in such a way that they govern the 
spatial frequency of the grain/twin boundary and the slip interactions on the active glide system. 
From a mechanistic view, all of these enlisted individual elements will have profound 
contribution to the FCG, and therefore, their individual and concerted effects should be 
interrogated quantitatively to translate essential insight towards engineering structures with high 
fatigue impedance. In our previous work, we highlighted the role of coherent twins on the fatigue 
thresholds [16]. In this study, we turn our attention to the role of grain boundary types as 
discussed below.    
2.2 Methods 
2.2.1 Sample Preparation  
The Ni-2.89% Co specimens investigated in this work were electric discharge machined 
from an electrodeposited sheet (100 nanometers (nm) thick) in the as received condition. Sample 
geometry employed in the experiments varies depending on the loading type applied: i.e. 
monotonic or cyclic. Figure 2.2 shows the dog-bone uniaxial specimen employed for the uniaxial 
tension experiments. The pin holes are drilled to align the samples and prevent any possible 
errors stemming from the grip-sliding. On the other hand, for the fatigue experiments, a notch of 
1 mm size included in the gage section as shown in Figure 2.3 to introduce stress concentration, 
with a stress concentration factor of 3.15, and facilitate initiation of the crack under Mode I [38]. 
Surface preparation prior to testing consist of mechanical polishing employing a  SiC paper of a 
grit grade beginning from P600 and finishing at P1200. The final surface finish is adequate for 
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microstructural surface characterization using EBSD as well as high resolution deformation 
measurements using Digital Image Correlation -DIC.  
 
Figure 2.2 The specimen geometry employed for uniaxial tension experiments.  
                                           
Figure 2.3 The specimen geometry employed for fatigue crack growth experiments. 
 
2.2.2 Full-field Displacement - Strain Measurement: Digital Image Correlation  
For the identification of eff,thK  in Ni-Co alloys with different microstructures, FCG 
experiments are conducted employing DIC measurements. 2-Dimensional DIC is a technique for 
measuring the full-field planar displacements by comparing sequential images of the deforming 
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specimen surface to a reference image taken at the undeformed state. Figure 2.4 illustrates the 
general methodology followed during the experimental measurements employing DIC technique. 
In order to track the displacement field as the sample being deformed, a special speckle pattern is 
applied on its surface after mechanical polishing. A CCD camera is employed  for in-situ 
imaging throughout theexperiments . Under monotonic loading, a strain rate of 10-3 s-1  is 
employed via an MTS load frame synchronized with the in-situ imaging. On the other hand, for 
FCG experiments under cyclic loading, the sample is fatigued at a frequency of 5 Hz except the 
observation cycles which are conducted at 0.25 Hz to capture the corresponding DIC images. 
The decrease of frequency in the observation cycles enables us to capture a sufficient number of 
images (approximately 60 images/cycle) leading to more precise measurements which is of 
crucial importance especially to detect the crack-opening load.   
 To correlate the cyclic plastic strain accumulation as a function of loading cycles in Ni-
Co, a Olympus BX51M microscope is employed with the SEMTester which is a special loading 
frame designated to work under both optical and electron microscope systems compatible with 
DIC imaging. To employ this technique, a resolution of 30 microns/pixel DIC pattern is 
implemented on the sample surface. This approach, allows us to track the evolution of the cyclic 
irreversible slip strain evolution which is of paramount importance for pinpointing eff,thK  with 
distinctly engineered microstructures of Ni-Co .    
In order to post-process the stack of captured images, we employ the commercial image  
tracking algorithms provided by VIC 2D Correlated Solutions software [39, 40] and in-house 
built programs. The post-processing algorithms involve pixel intensity-tracking ability for 
constructing the full-scaledisplacement gradient field as visualized in Figure 2.4 by minimization 
of error functional [40]. The corresponding displacement and strain fields which are generated by 
spatial derivation of the displacement vector field components allow us to generate the strain 





Figure 2.4 illustrates the procedure for Digital Image Correlation starting with the image capture 
and correlating the pixels of the painted sample construct the surface displacement map. 
In the particular case of FCG experiments, the measured full-field vertical displacement 
component, v, is regressed employing the LEFM vertical displacement field equation under 
Mode I on the right hand side of , Eq.(1) as follows:   
    I
K r 1 3 1
v sin 1 cos Tr sin Ar cos B
G 2 2 2 1 2 2G 1
            
              
           
  (1) 
Eq.(1) is utilized to evaluate 
IK , Mode I stress intensity factor by linear regression method. In 
Eq.(1),  r and   are the polar coordinates of the measurement points in the conventional fracture 
mechanics definition [41], G is the shear modulus (50GPa), and   is the Poisson’s ratio (0.4). A 
and B terms correspond to the rigid body rotation and the translation parts contributing to the 
displacement field v respectively. The parameter T represents the stress component parallel to 
the crack flank (which is also commonly known as T-stress). The effective stress intensity factor 
range, effK , for a particular cycle is evaluated from the measurements by extracting the openK , 
the stress intensity factor at which the crack fully opens, from the maximum stress intensity 
factor, maxK  as in Eq.(2). 
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 eff max openK K K     (2) 
Followingly, the crack growth rates measured for Ni–Co and Ni–Co 600 HT samples were fitted 
into the Paris Law in Eq. (3) to study the relevant coefficients of C and p in the Paris regime 
which is also known as Stage II: 




C K C(K K )
dN
                                            (3) 
 
2.2.3 Transmission Electron Microscopy (TEM) Imaging  
  
 TEM imaging is based on the principle that focused electron beams can be sited on the 
sample surface and the emerging electrons from the sample can be employed to construct the 
microstructural images as a function of the electron intensity. Theoretically, the variations in the 
electron intensity is exploited to examine different lattice structures which introduce diffraction 
contrasts. To this end, TEM imaging is an indispensable tool to understand the dislocation, 
grain/twin boundary interactions which is the main goal of the present chapter on FCG grounds.    
         To characterize the microstructures of the Ni-Co samples subjected to different heat-
treatments in the pristine and deformed states TEM microscopy imaging is employed in the 
current study. The imaging is conducted by Prof. Hans Maier and his group in Leibniz 
Universitat- Hannover. The TEM images enable us to observe the density of the pre-existing 
dislocations in the microstructure as well as pinpoint the on-going dislocation-grain/twin 
boundary interaction sites along with the dislocation nucleation sites. Furthermore, it acts as a 
versatile tool to observe the major differences in the deformation behavior of different 
microstructures of Ni-Co at nanometric scale.   
 
2.2.4 Electron BackScatter Diffraction  
Electron Backscatter diffraction is a Scanning Electron Microscope (SEM) based method 
employed to characterize the grain orientations, sample texture, short-range lattice strain as well 
as phase/ boundary characterization. In principle, it is an analysis technique utilizing the Kikuchi 
diffraction patterns which are collected by siting a stationary beam of electrons on the sample 
surface and processing the back-scattered electrons carrying the required information to orient  
the crystallographic planes.   
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 For the as-received Ni-Co sample, EBSD analyses are conducted to characterize the 
microstructure and the orientation distribution of the grains. This analysis is conducted by Prof. 
Hand Maier and his group in Leibniz Universitat - Hannover. Below, Figure 2.5 shows the grain 
orientation distribution obtained from the measurements conducted on the as-received Ni-Co 
microstructure. Careful examination of Figure 2.5 suggests that the volume fraction of the <110> 
oriented grains exhibit a slightly higher ratio compared to the other orientations in the 
stereographic projection triangle. This slight texture is observed to promote the formation of 
grain boundaries of different coincidence with <110> rotation axis as will be discussed in the 
following sections.       
 
Figure 2.5 The grain orientation map of Ni-Co from an EBSD scan.  
2.2.5 Characterization of Twin and Grain Boundaries 
 
The grain (or twin) boundaries are known to impede or even block the dislocation motion 
depending on the energy barrier to be overcome  in transmitting the slip from a grain/twin to 
another. The magnitude of this energy barrier is highly dependent on the on-going dislocation 
reactions incurring at the boundary during the corresponding slip transmission phenomena. The 
dislocation reactions are particularly important for the FCG behavior of Ni-Co samplesin a sense 
that the resulting 
rb vectors during the cyclic dislocation glide is decisive on the plastic 
displacement at the crack-tip in the near-threshold regime. In general terms, the dislocation 
reactions are characterized by the types of the grain boundaries participating as well as the 
incipient dislocation’s glide plane and its character (edge, screw or mixed). In order to quantify 
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the contribution of grain/twin boundaries on the fatigue crack growth behavior in varying Ni-Co 
microstructures, firstly we will interrogate on the description of the grain boundary types.  
Though the characterization of grain boundaries by the  parameter quantifies the 
continuity of the atomic lattice sites across a grain/twin boundary, which is the reciprocal of the 
ratio of the coincident sites formed by the interpenetrating lattices on the boundary. To uniquely 
identify a grain boundary type, one has to interrrelate the orientations of the neighboring lattices 
by means of the orthogonal rotation operations. To this end, we will specify the grain boundary 
plane, the rotation axis and the misfit angle in addition to the   parameter. These three 
additional physical quantities are sufficient to uniquely characterize a specific grain boundary 
[42]. Throughout this work,  (CSL no){hkl} prs   nomenclature template is adopted. .In this 
template employed, the plane {h k l} represents the crystallographic normal to the boundary 
plane which is of same indices in the local neighboring lattice frames. The direction, <p r s> , 
represents the rotation axis along which the second lattice is rotated with respect to the first 
lattice. Whether this rotation axis is normal or parallel to the boundary plane, the grain boundary 
type is denoted as twist or tilt respectively.      
 
Figure 2.6  As crystal A rotates around the normal of the grain boundary, N,: a twist boundary is 
formed (c//N). If both crystal A is rotated around an axis perpendicular to the grain boundary 
normal , c, in opposite directions: a tilt grain boundary is formed (c N). 
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 The detailed microstructure characterization analyses on Ni-Co by EBSD, as can be seen 
in Figure 2.5 and 2.7, show that the grain orientations exhibit only a slight <101> texture. This 
variation present in the grain orientations causes different type of grain boundaries to be 
observed in Ni-Co. The histograms in Figure  2.8 and 2.9 indicates that most of the boundaries 
present are 3  type with a misorientation angle of 60o as expected owing to the nanotwins 
present (almost 19% of all boundaries). However, the other misorientation angle values also 
indicate the presence of different type of grain boundaries such as 9  and 11  boundaries with a 
considerable fraction as demonstrated in Figure 2.7, 2.8 and 2.9. 
       In this work, we will particularly focus on the interaction of crack-tip emitted slip and the 
symmetric 3{111} 110    , 9 {114}<110> and 11 {113}<110> tilt  boundaries. At this stage, 
it should be emphasized that there are numerous possibilities for the geometry of the grain 
boundaries associated with a single CSL number [43-45]. Although we do not have a specific 
characterization data available for the determination of the spatial frequencies of the boundary 
types uniquely with their planes and misorientation angles, considering the <110> texture 
observed in the EBSD mapping of Figure 2.5 and the low grain boundary energy of symmetric 
tilt boundaries; the 3{111} 110   , 9 {114}<110> and 11 {113}<110> boundaries stand out 
as the highest probable boundaries complying with the EBSD  data provided in Figure 2.5 and 
2.7. Furthermore, ensuring the slip transmission across the boundary before the dislocation 
nucleation from the boundary in the molecular dynamics simulations employed plays a decisive 
role in focusing on these particular grain boundaries. On the other hand, the assumptive nature of 
this geometry preference utilized in the simulations throughout this work will be noted wherever 




Figure 2.7 The spatial distribution of the 3 , 9  and 11   grain boundaries determined from 
EBSD mapping.  
Our modelling efforts aim to capture the effects of different   type boundaries on FCG 
in the near threshold regime. To accomplish this task, we characterize the on-going dislocation 
reactions associated with each grain boundary type and evaluate the corresponding - 
values during the forward and reverse slip transmission by utilizing MD simulations and the 
related slip energetics . These data  from the atomistic scale calculations will be employed as 
input parameters for our continuum scale cyclic dislocation motion model and in turn will enable 
us to calculate 
th
effK  in presence of  a wide range of microstructural barriers, e.g. varying   type 
grain boundaries and pre-existing slip modeled by discrete continuum scale dislocations. 
 






                                         
Figure 2.9 Histogram of grain boundary CSL values in the microstructure of Ni-Co extracted 
from EBSD data.   
 
Throughout the theoretical framework established, not only the types of the grain/twin 
boundary and slip interaction is significant but also the geometrical factor such as the frequency 
of the grain and twin boundaries en-route the dislocation glide path act as a key factor in fatigue 
impedance of Ni-Co microstructures. Tailoring the twin thickness and spacing as well as grain 
size parameters by heat treatment enable us to unveil thecharacteristic dimension effects on the 
fatigue resistance of Ni-Co samples.. Theoretically, the multiscale cyclic dislocation motion 
model quantifying the crack growth resistance in the microstructure-sensitive fatigue regime 
based on eff,thK   metric can incorporate the contribution of grain-twin size and spacing.  On 
mechanical grounds, the continuum scale dislocation force equilibrium equations are employed  
and the unobstructed/barrier friction stress values from MD simulationsare incorporated as input 
for the equations which are to be solved numerically for each increment of eff,thK  . The pre-
existing slip was also demonstrated to contribute to the elevation of  eff,thK . This phenomenon is 
also encompassed by discrete dislocations placed ahead of the crack-tip in the pristine and 
undeformed configuration before the nucleation of a screwdislocation from the tip uner applied 
loading. Our model quantifies the effects of the grain boundaries on the microstructure-sensitive 
fatigue crack growth behavior as well as the pre-existing screw character dislocations in the 
undeformed Ni-Co sample.  
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The first boundary type among these three boundaries focused on, shown in Figure 2.10 
(a), is the coherent twin boundary, i.e. 3 {111} <110> which is a tilt boundary formed by a 
109.47o rotation angle about the <110> tilt axis. For representation purposes, the atoms 
occupying the lattice sites with smallest centro-symmetry parameter [46] on the grain boundaries 
are shown in darker color compared to the other atoms inside the simulation box.  The second 
most frequently observed boundary type is 9 {114} <110> which is illustrated in Figure 2.10 
(b). This boundary is formed by rotating the lattice 2 about the <110> axis by an angle of 38.94o  
with respect to the lattice 1 across the boundary {114}. Lastly, as can be seen in Figure 2.10 (c), 
11  {113} <110> boundary type is formed if lattice 2 is rotated about the <110> axis by a right 
hand screw angle of 50.47o across the {113} plane with respect to lattice 1.  
 
Figure 2.10 (a) shows the bicrystal, lattice 1- lattice 2, formed by the coherent twin boundary
3 {111} 110    with the correspondingly oriented lattices . (b) shows the bicrystal, lattice 1 - 
lattice 2 formed by 9 {114} 110   boundary with the corresponding lattice coordinate frames. (c) 
shows the bicrystal, lattice 1-lattice 2, formed by  11 {113} 110  boundary with the 
corresponding local lattice coordinate frames.   
          An important aspect of the presence of these grain boundaries on the mechanics of metal 
fatigue can be depicted as follows. The crack tip emitted dislocations can exhibit a numerous 
possible interactions with these boundaries manifested by the dislocation reactions and, as a 
result of these reactions, a prescribed magnitude of residual slip vector can reside at the grain 
boundary imposing a difference between the incoming and outgoing slip. Therefore, the 
20 
 
accumulation of residual slip vectors do directly govern on the cyclic plastic displacement of the 
crack tip. The possible residual slip vectors are the products of the incoming slip and the 
corresponding grain boundary structure interactions which are closely linked with the CSL 
pattern on the grain boundary formed by the intersection of the interpenetrating lattice sites on 
both sides of the grain boundary. From a perspective of the interface theory in crystalline 
materials, any residual dislocation residing on the grain boundary in a fashion conserving the 
CSL structure can be described by the shortest translation vectors of the displacement-shift 
complete lattice (DSCL) which is the reciprocal lattice of the CSL structure [47, 48]. Thus, any 
residual slip vector interacting with a grain boundary can be described by the corresponding 
DSCL base vectors. This mathematical argument defines the set of possible residual slip vectors 
that can be an outcome of the slip transmission reactions in a particular crystal structure. Table 
2.1 summarizes the DSCL base vectors 
1e , 2e  and 3e  in cubic crystal coordinate frame for  3
{111}<110>, 9 {114}<110>  and 11 {113}<110>  boundaries [1].  
        Boundary Type                        
1e                                  2e                                  3e   
      3 {111} <110> 1/6 [1 1 1] 1/6 [-2 1 1] 1/6 [-1 2 -1] 
      9 {114} <110>  1/18 [ 5 -4 2] 1/18 [-2 -2 1] 1/18 [1 1 4] 
    11  {113} <110> 1/22 [4 -7 1] 1/22[1 1 3] 1/22 [3 3 -2] 
 
Table 2.1 shows the base vectors of DSCL, i.e. 1e , 2e  and 3e   in cubic crystal coordinate frame 
[1].   
 2.2.6 Molecular Dynamics Simulations 
 Molecular Dynamics (MD) is a computational materials science tool integrating the 
Newton’s equation of motion, i.e. Eq.(4), in which case the force  F  acting on each individual 
atom as a result of  the interaction with the smeared electron-electron, electron-nucleus and 
nucleus-nucleus fields are calculated (m stands for mass of the atom and a  term represents the 
acceleration). 
 F am   (4) 
For the quasi-static configurations as we focus in the present work, in order to determine the 
force equilibrium acting on the each atom in the ensemble, which is composed of the particular 
set of atomic special coordinates at a given stress and temperature state under constant number of 
atoms and a specific chemical composition, the acceleration term a  is aimed to be converged to 
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zero. This condition manifests itself as the mechanical equilibrium of the system delineated 
inside the simulation box. To mimic the equilibriated atomicpositions , the interatomic force 
term F  is derived from the spatial gradient of a scalar potential for the systems as follows: 
 F U    (5) 
To that end, employing an accurate description of the interatomic potential field U enables to 
calculate the interatomic force acting on a particular atom as a function of its coordinates. 
Although there are a number of potential types such as pair potentials, potentials by embedded 
atom method, Tersoff potentials, ionic solid potentials and bond order potentials etc., to model 
the interaction of dislocation and grain/twin boundaries in Ni-Co samples we employed 
embedded atom potential of Ni developed by Foiles et al.[49] . As the Co concentration is very 
low (2.89 wt.%) and the atomic masses of Ni and Co are very similar, the pure Ni interatomic 
potential is capable of capturing the accurate slip energetics and dislocation reactions within the 
scope of this work. On the other hand, it is to be emphasized that higher Co concentrations might 
introduce Suzuki segregation at the boundaries which may significantly change the undergoing 
slip transmission energetics.   
Embedded atom method (EAM) incorporates the effective electron density surrounding a 
metallic atom. Therefore, the valence electron densities are of paramount importance in 
conveying the corresponding physical properties in the computational methods. On mathematical 
grounds, the EAM potential U  is defined as the summation of two physical fields: (i) pair 
interaction as a function of atomic nuclei i and j ,  ijU  ,and (ii) embedding energy for the i
th atom, 
iU  , which is a function of spatial electron density   as follows:    
 ij ij i i
i,j i
i j
U U (r ) U ( )

      (6)   
In Eq.(6), the sums are taken over the atoms defined within cut-off radius which is the critical 
distance determining the neighbor interaction of a particular atom i. In this particular case, 
second neighboring atoms are included in the core-cut off radius for each ith atom. The 
interatomic distance between the nuclei of the atoms i and j , ijr , and the spatial electron density 
i  within the cut-off radius of the atom i plays a decisive role on the potential field acting. The 
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electron density at a particular spatial coordinate occupied by the atom i is expressed as the linear 
superposition of the valence electron cloud fields as follows: 







     (7) 
where ½ factor is included to prevent counting the same interaction twice. 
In order to solve for the positions of the atoms in an N-number of atoms system, firstly, 












      (8) 
Solving Eq.(8) for i=1to N necessitates to replace differential terms with finite differences 
employing Taylor’s expansion:  
 r r v a
21
(t t) (t) (t) t (t) t ...HigherOrderTerms
2
          (9) 
where v(t)  is the velocity of an atom occupying position r  , i.e. at time step t corresponding to a 







   (10) 
Throughout this work, MD simulations are conducted by employing LAMMPS -Large scale 
Atomic/Molecular Massively Parallel Simulator of Sandia National Laboratories [50]. In the 
simulations Velocity-Verlet algorithm [51] is implemented which describes the position, velocity 
and acceleration in discrete finite time steps as such:  
 r r v a
21
(t t) (t) (t) t (t) t
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  








     (13) 
To solve for the positions, velocities and accelerations for each particular atom the N-number of 
atom system, initial conditions at t=0 has to be provided. Meanwhile, the initial positions and 
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accelerations are determined by the assigned atom positions and the forces acting upon them at 
these occupation sites calculated by Eq.(4; the initial velocities unless specified particularly, are 
determined regarding the temperature of a given ensemble. For the current work, the MD 
simulations are conducted at 10 K and the initial velocity of each atom is assigned by Nose’-













       (14) 
 where the momentum of an atomic particle i is defined as a function of its mass and velocity as:  
 p vi i im (t)   (15) 
and  the set of parameters s{g,k,T,s,Q,p } are defined as the number of independent degrees of 
freedom (i.e. 3N for N-particle system), universal Boltzmann constant, temperature, heat bath 
constant, weight and momentum/entropy.Following the implementation of the initial conditions 
on the system,the resulting equations are solved by LAMMPS employing algorithm for each 
time step.And the corresponding velocity and spatial coordinate of each atom is determined at a 
given stress state and temperature. 
2.2.7 Continuum Scale Dislocation Motion Simulations 
For the threshold FCG regime in which the microstructural features may prevail, the 
primary cyclic crack advancement mechanism is the irreversible glide motion of crack-tip 
emitted dislocations along the active single slip system [54-56]. It is to be emphasized that at this 
stage of FCG, the slip activity ahead of the crack tip is confined to only a few grains and is 
constrained to be planar character.  The slip irreversibility is promoted by the residual slip vector 
accumulation during slip transfer across the grain boundaries and is suppressed by the 
annihilation of the positive and the negative sign dislocations emitted from the crack tip during 
loading and unloading portions of the cycle respectively. Furthermore, the backstress field 
formed by the emitted dislocations can introduce significant differences on the critical glide 
force required to initiate slip motion during loading and unloading affecting the slip 
irreversibility in a complex fashion.  
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Considering the findings from the previous studies [31] addressing that the critical 
nucleation level for screw dislocations are lower at the crack tip and linked with this fact the 
fatigue threshold is lower under Mode III loading conditions; in this work, we will impose Mode 
III loading conditions at the crack tip region and focus on modeling the irreversible cyclic glide 
of screw dislocations via the continuum scale dislocation motion simulations as this mode is the 
most critical one from a FCG resistance perspective. To that end, the mechanical driving force 
for the FCG is quantified by the effective stress intensity factor range, 
effK  , metric which is 
equal to the difference between the maximum, 
maxK , and the minimum, minK , levels of the 
applied stress intensity factor, i.e. 
eff max minK K K   . In the continuum scale cyclic dislocation 
motion simulations, we will implement a load ratio of R = 
min maxK / K = 0.05 and set the effective 
threshold value  
eff,thK  equal to a effK  level sufficient to propagate the crack by a length of one 
Burgers vector, u 1  b ( b = c/2 |<110>|, c: lattice constant equal to 3.52 Angstroms), which 
corresponds to 2.5 Angstrom/cycle ( 2.5 x 10-7 mm/cycle). The crack advancement rate of 1 
b/cycle is chosen on purpose of setting a finite 
eff,thK  value comparable with the experimental 
measurements [16].  Furthermore, the variation of effK   for the cyclic crack growth rates 
ranging from 1b to 35b are also simulated within framework the dislocation motion simulations. 
An important point to emphasize is that during the modelling efforts we present, only the plastic 
activity ahead of the crack tip is considered, and the crack closure effects at the crack tip wake 
are neglected. Therefore, all the results are given as effective quantities complying with the 
driving force interpretation of  
effK   employed in the experiments which will be interrogated on 
in the subsequent subsection.In Figure 2.11, the continuum scale crystal configurations are 




Figure 2.11 The cross-slip configuration used in the continuum dislocation motion simulations 
are illustrated, (a) during loading and (b) during unloading. The grey and blue zones are called as 
“the matrix” and “twin lamella” respectively.   represents the far-field applied loading. Positive 
dislocations are emitted from the crack tip during loading. The negative dislocations nucleated 
from the crack tip during unloading and annihilate the positive dislocations if they are within an 
appropriate distance.     
       In our  continuum scale model, we will designate a hypothetically linear elastic, continuous 
medium in which the crack-tip emitted dislocations can glide and interact with the boundary 
types of 3 , 9  and 11 . Meanwhile the glide resistance (or the lattice friction stress) inside a 
pristine crystal is identical for both forward and reverse glide from the crack tip, which will be 
denoted as F ; the local friction stress varies at the grain boundaries en-route the forward and 
reverse glide owing to the different slip transmission energetics involved at the grain boundaries. 
Therefore, the glide resistance exerted on the dislocations within the very near proximity of the 
grain boundaries will be characterized by 
forward
F  and  
reverse
F  for the forward and reverse glide 
respectively as in Figure 2.12. The lattice friction stress values, corresponding to the crystal and 
the boundaries, will be evaluated by the modified Peierls-Nabarro (P-N) formulation within the 




Figure 2.12 illustrates the individual force terms acting on a dislocation in lattice 1.The force 
terms are due to the applied stress intensity factor, the dislocation-dislocation interactions, the 
traction-free crack face, the grain boundary - dislocation interaction and the lattice friction. It 
should be emphasized that for each 
IIIK  level applied, each dislocation irrespective of whether it 
is nucleated by crack-tip emission or it is contributing to the initial dislocation density (pre-
existing slip) should be in force equilibrium as dictated by the right hand side of the equation.    
       The quantification of  F , 
forward
F  and 
reverse
F  parameters requires a comprehensive 
knowledge about the details of the on-going slip transmission reactions. For this purpose, 
following the methodology in our previous works in the literature [16, 30], we delineated a 
simulation box of approximately 45 x 108 x 264 Angstroms ( the exact values are reported in the 
corresponding result sections for each reaction scenario) with periodic boundary conditions 
implemented in all three axes and introduced two equally spaced ( approximately 88 Angstroms) 
grain boundaries which are of either one of the 3{111} 110   , 9{114} 110    or 
11{113} 110    boundary types. The geometries of the simulation boxes utilized for the 
reaction scenarios are shown in Figure 2.33-2.35.  Moreover, we introduced a defect acting as a 
stress-concentrator to nucleate the dissociated 1/2<110> screw character dislocations and tracked 
the cyclic glide of the dislocations to quantify the change of their Burgers vectors and slip planes 
27 
 
en-route owing to their interactions with the grain/twin boundaries in the delineated simulation 
box.  
      Throughout the all MD simulations in this work, we employed NPT ensemble in which the 
number of atoms, N, the external pressure (at 1 bar) , P, and the temperature, T (at 10K), is held 
constant. Moreover, a fixed time step of 10-3 picoseconds is implemented for each simulation. 
The number of time steps is varied for each scenario and is closely linked with the reaction type 
and the grain boundary involved. The defect is created by introducing a sessile perfect screw 
dislocation, of Burgers vector  c/2 <110>, on {112}, {221} and {332} planes perpendicular to 
grain boundaries of 3{111} 110    , 9{114} 110    and 11{113} 110    respectively at a 
distance of  50 Angstroms from the leftmost boundary of the simulation box. To create the defect 
Eshelby-Stroh anisotropic formulation [46, 58] is employed [59, 60] as will e detailed. In the P-N 
formulation employed, the corresponding lattice friction stress levels are calculated based on the 
maximum gradient of the total system energy, 
total
E (normalized with the corresponding slip 
vector magnitude  b ), with respect to the disregistry displacement, u. This is formulated in 
Eq.(16) for the pristine crystal friction stress F . It should be emphasized that an analogous 














  (16) 
The total energy of the system is composed of both short range misfit energy, 
misfit
E , owing to the 
atomic level interaction across the active slip plane and the long range  terms of the elastic 
energy, 
elastic
E and  the applied work, W, as expressed in Eq. (17). The individual energy terms 
are explicitly formulated in Eq.(18)-(20) 
 
total misfit elastic















  (19) 








b ma' 0.5u ma' 0.5u
f(ma' u) b tan tan
      
             
  (21) 
         As can be seen in Eq.(18),  
misfit
E  is directly linked with the energy pathway followed,( i.e. 
denoted as   curve),  during the glide or slip transmission phenomena.    curve is a function of  
the disregistry function, f, which is expressed in Eq.(21) [62]. The disregistry function f conveys 
the information about the spatial distribution of the slip displacements on the glide plane within 
the dislocation core neighborhood. The function f can be expressed in terms of six parameters 
parb , m, a’, w, u and  . Among these parameters, parb  is the magnitude of the Shockley partials, 
i.e. c |1/ 6 112 |  ,  m takes integer values and a’ is the shortest periodicity distance between 
{111} glide planes in face centered cubic structure which is equal to 2c / 6  . The core half 
width parameter which prevails on 
misfit
E  is denoted as   . It is to be noted that the core half 
width   is a function of external stress tensor, the crystal structure, the character of the 
dislocation as well as the interatomic forces prevailing inside the crystalline. In this work, 
complying with the original P-N analysis, it is taken to be equal to the half of the {111} glide 
plane spacing, i.e. c / 2 3  .The long range 
elastic
E  term is a function of both the elastic shear 
modulus, G= 50 GPa, and   . It is worth emphasizing that 
elastic
E  term is divergent for an infinite 
medium; therefore, it is evaluated within a radial domain size of R which is equal to 500 b. 
Furthermore, the outer core cut-off R is a constant; therefore, it does not contribute to the friction 
stress levels evaluated.      
        In the cyclic dislocation motion simulations, effK  in Mode III is provided as an input for 
the system and the set of continuum scale equations describing the dislocation equilibrium are 
solved at each effK   increment to find the threshold value corresponding to a finite magnitude of 
irreversible cyclic crack tip displacement, i.e. u 1 b  /cycle. The simulations are delineated to 
cover both the initially pristine crystal and the crystal with the pre-existing slip (using continuum 
crystal dislocations the number of which are indicated as Cn ) configurations. In both of these 
cases, the dislocations are emitted from the crack tip when the local stress-intensity at the crack 
tip 
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III IIIek k    (23) 
In Eq. (22),  
ir  and i  are the polar coordinates of the i
th  dislocation with respect to the crack tip 
and n is the total number of dislocations residing inside the crystal. Careful examination of 
Eq.(22) addresses the fact that the local stress intensity factor, 
IIIk , differs from the applied stress 
intensity factor, 
IIIK , in presence of the dislocations ahead of the crack tip. This effect is denoted 
as shielding/anti-shielding if it promotes/degrades 
IIIk  with respect to IIIK . On the other hand, as 
can be seen in Eq.(23), the dislocations can be emitted both during the loading and unloading 
portions of a fatigue cycle. Meanwhile the positive sign dislocations are emitted from the tip 
during loading, the negative sign dislocations are emitted during unloading. It should be noted 
that the positive and the negative sign dislocations attract and annihilate each other depending on 
the resultant force acting them. As the cyclic plastic crack tip displacement is determined by the 
number of residual slip vectors (emitted from the crack-tip) at the end of each cycle, the 
dislocation interactions hold an importance place in determining threshold levels as well the 
residual slip vectors residing at the grain-twin boundaries.  
        During slip transmission across a grain boundary, the active slip systems and the Burgers 
vectors may differ at each side of the boundary. Therefore, there are two sets of  governing 
equations for the incoming slip in lattice 1 and the outgoing slip in lattice 2. Inside lattice 1, the 
glide plane is modelled as parallel to the crack surface complying with the Mode III loading 
geometry; on the other hand, the glide plane of the transmitted dislocations inside lattice 2 is 
determined based on the MD simulations and is dependent on the details of the slip transmission 
reactions accompanying. For lattice 1, the dislocation motion is governed based on the following 
expression in Eq.(24)  [63, 64]:  
 
n 2
jIII i i i i i
i i F i
i 1 i ii i i
i j
GbK b Gb b
cos Re b cos b b 0
2 4 r 2 42 r 4 x y

                         
   (24) 
where  
 
i i j j i i j j
1 1
x y x y x y x y
  
         
  (25) 
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In Eq.(24), 1   , 
ix  and iy  are the position vector components for the i
th dislocation. The 
parameter   describes the interaction of the screw dislocation with the grain boundary based on 
the formulation proposed by Stroh - Gemperlova [58, 65] in which 
i  is the distance between the 
ith dislocation and the boundary. The parameter  varies as 0,  0.078,  0.114  for Reaction 1, 
Reaction 2, Reaction 3 scenarios respectively. Similarly, the general form of the dislocation 
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where  is the angle formed between the incipient slip plane ,which is parallel to the crack flank, 
and the outgoing slip plane.  
            The general geometry and the individual force terms acting on the ith dislocation are 
illustrated in Figure 2.12 based on the expression in Eq. (24). It is to be noted that a very similar 
analogy can be also established for Eq.(26). Different from Eq. (24), the active slip system in 
lattice 2 makes a finite angle of   with the crack plane. Therefore, the expressions in Eq. (24) 
and Eq. (26) exhibit differences in the geometrical factors.   Although the forces acting due to the 
applied stress intensity 
IIIK  tends to drive the dislocation away from the crack tip, the traction-
free surfaces of the crack and the crystal lattice friction apply restoring forces on it. The 
dislocation interaction force depends on the signs of the dislocations, they are repulsive/attractive 
for the same/different sign slip vectors. The image force acting on the dislocation due to the 
crystallographic orientation change across the grain boundary is of repulsive nature for the 
boundary types considered.  
To provide a detailed insight into the quantification of the forces acting on the 
dislocations posited near an interface formed by two anisotropic crystals, the image forces which 
represent the continuum scale interaction of grain boundary and screw dislocation will be 
discussed in detail by a mathematical framework. This analysis plays a critical role in 
determination of the forces acting on the incoming and outgoing slip across a specific grain 
boundary within the framework of continuum formulation introduced in Eq.(24) to Eq.(26).  
Firstly, the fourth order elastic stiffness tensor is constructed based on the EAM Ni potential 
31 
 
utilized in MD simulations [49]. Within the framework of this potential, the three independent 
elastic constants of Ni in cubic coordinate system   (  [100]-[010]-[001]) , with a  
lattice constant of 3.52 Angstroms,  are equal to:  GPa,  GPa, 
 GPa.  
The fourth order elastic tensor in the cubic crystal frame  is transformed to the dislocation 
frame before being utilized as an input for the quantitative analysis of the grain boundary - 
dislocation interactions. The dislocation frame is constructed by the orthonormal base vectors of 
 in which  is the glide plane normal and  is parallel to the glide direction, i.e. 
the normalized Burgers vector.  is determined by the vector cross-product of  and , i.e. 
.  The corresponding glide systems activated for the incoming and outgoing slip in 
Reaction 1, 2 and 3 scenarios are tabulated in Table 2.2.    
                 Lattice 1                Lattice 2  
                                                  
  Reaction 1     
  Reaction 2     
  Reaction 3     
 
Table 2.2 shows the base vectors of  and  for lattice 1 (incoming slip) and lattice 2 
(outgoing slip)  in Reaction 1,2 and 3 scenarios.  
 
 The elastic stiffness tensor is transformed to the dislocation frame in lattice 1 (or 
similarly lattice 2) based on the coordinate transformation rules of a fourth order tensor as shown 
in Eq.(27) :  
 
*
ijkl pqrs ip jq kr lsC C Q Q Q Q   (27)
  
where the summation convention is implied on repeating indices and all of the indices are varied 
from 1 to 3. The transformation matrix   is constructed by the dot product of  and  base 
vectors as follows:    
 E eij i jQ     (28) 
E E E1 2 3  
1111C * 240.6 1122C * 150.3
1212C * 119.2
e e e1 2 3  e2 e3
e1 e2 e3
e e e1 2 3x
e2 e3 e2 e3
11 3 [11 1] 11 2 [ 110] 21 3 [11 1] 21 2 [1 10]
11 3 [1 11] 11 2 [110] 21 3 [ 111] 21 2 [110]
11 3 [1 11] 11 2 [ 101] 21 3 [1 11] 21 2 [110]
e2 e3
ijQ Ei e j
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The general displacement field solution of Eshelby et al. [46] for  an anisotropic, linear 
elastic medium is given in Eq.(29) provided that Eq.(30) and (31) are satisfied. In this 
quantitative analysis, the formulation will be presented with respect to lattice 1. A similar 
analogy can be also established for lattice 2.     
 
k ku A g(x py)    (29) 
 
2
i1k1 i1k2 i2k1 i2k2 k(C pC pC p C )A 0      (30) 
 
2
i1k1 i1k2 i2k1 i2k2det(C pC pC p C ) 0      (31) 
For a dislocation of Burgers vector , i.e. , the general form of the analytical 
function g(x+py),  can be expressed as in Eq.(A.6) where the bar notation implies the complex 
conjugate of the expression it acts upon. Note that the index ‘m ‘ varies from 1 to 6 and no 
summation convention is implied on it.   
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In Eq.(32), the parameters  and  are related to the components of the  Burgers vector  
by Eq. (33) which is an expression of the change in displacement component   along a closed 
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Furthermore, for a pure dislocation, the expression in Eq.(34) is to be satisfied to impose the 
mathematical condition that no line of force distribution acts along the dislocation line :  
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        (34) 
Based on the elastic displacement field in Eq.(32), the corresponding stress field is given as:  
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        (35) 
               The solution presented above for an homogeneous medium is generalized for a linear 
elastic medium consisting of multilayered anisotropic plates within the framework of 








perturbations of the stress and the elastic displacement fields of Eq.(32) and Eq.(35) in Fourier 
Space. Following a number of mathematical manipulations, the force acting on a dislocation 
posited at a distance of   from a welded boundary is expressed as [65, 66]:     
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Among the parameters appearing in Eq.(36) ;  satisfies Eq.(37) 
 k kj jb B d   (37) 
where  is defined by the expression in Eq.(38): 
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       (38) 
On the other hand, the terms  and  in Eq. (36) are expressed as :  
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where the superscript (2) stands for lattice 2 as shown in Figure 2.13 and   satisfies the 
following the relation for lattice 1 (and similarly for lattice 2):   
 
(1)










Figure 2.13 shows the geometrical configuration of a dislocation posited near the interfacial 
boundary along the descriptive illustration of coordinate systems and transformation matrix 
involved.  
The resulting values of  , d and (
1p , 2p , 3p ) triplet involved in the analyses for Reaction 1, 2 
and 3 are summarized in Table 2.3. It is to be emphasized that (
1p , 2p , 3p ) = ( 4 5 6p ,p ,p
  
) in the 
nomenclature utilized. The  value is then utilized in Eq.(24) and Eq. (26) in calculation of the 
dislocation positions.  
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Table 2.3  tabulates the values of the parameters , d, ,  and  for the geometrical 
configurations of incipient slip- grain boundary in Reaction 1, 2 and 3 scenarios. It is to be noted 
that ,  and variables are complex conjugates of ,  and  respectively in the 




 0 0.078 0.114
[0,0, 9.0435] [0,0,27.1306]   5.1526, 11.7608, 5.8965 
1p -0.5097 1.049 -1 0.4783 0.8049 1   0.9467 1.2601 1 
2p 0.0873 0.4941 1   1.8350 1.4745 1   0.3367 0.5475 1  
3p 0.5971 1.7646 1  0.3323 1.6642 1  0.1117 0.8740 1  
 1p 2p 3p
1p 2p 3p 4p 5p 6p
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        In this work, we have focused on three different reactions (in pairs of forward and reverse 
slip transmission) such that, one reaction for each of the 3 , 9  and 11  type boundaries, i.e. 
Reaction 1, Reaction 2 and Reaction 3 respectively. The dislocation positions are solved 
numerically for each applied 
IIIK  value during forward and reverse loading utilizing Eq. (24)-
(26). The cyclic plastic displacement at the crack tip is quantified based on the number of 




2.3.1 Undeformed Microstructure Characterization  
  Several heat treatments are conducted to optimize the microstructure of the as-received 
Ni-2.89%(wt.) Co  in terms of  grain size, twin thickness and spacing variables. Owing to the Co 
alloying effect the nano-sized grains in the as-received microstructure is observed to be stable at 
room temperature unlike the pure metals with similar nano-grained structures [67, 68]. The 
microstructure of the as-received Ni-Co is illustrated in Figure 2.14 below via TEM imaging.  
 Considering the TEM images, the average grain size is determined to be 97 10 nm by 
the ASTM linear intercept method [69]. The TEM images provided in Figure 2.14 indicate that 
there are no void formation at the triple junction points of the nano-size grains which imparts 
stability to the as-received Ni-Co material. The images show that a pre-existing dislocation 
density is present in the as-received Ni-Co. Furthermore, the pre-existing dislocations inherited 
from the electro-deposition procedure necessitates to incorporate them into the theoretical fatigue 
crack growth model as the dislocations ahead of the crack may introduce shielding effects on the 





Figure 2.14 (a) shows a general grain and twin size distribution. As can be seen, owing to 
electro-deposition processing, there is a non-zero pre-existing dislocation (or slip) density. The 
average grain size of the as-received Ni-Co is evaluated to be 97 10  nm using linear intercept 
method. (b) A closer examination of the grains reveals the presence of twins formed during the 
electro-deposition processing. It is to be noted that the presence of dislocations provide evidence 
for the slip-mediated plasticity as the dominant deformation mechanism in the as-received Ni-
Co.   
 As a first attempt to architecture the microstructure of the as-received Ni-Co, we 
implemented a heat-treatment , i.e. annealing, at 400oC for 4 hours followed by water quench. 
The corresponding changes in the grain size and twin thickness-spacing variables as well as the 
pre-existing dislocation density is observed by TEM imagingas shown in Figure 2.15. The heat 
treatment introduces grain coarsening in expense of the smaller grains. The average grain size is 
calculated to be of 164 14  nm by the linear-intercept method. Meanwhile, the grains are 
coarsening, the twin spacing and thickness did not exhibit a distinguishingchange in dimension . 
This behavior stems from the fact that the twin boundaries are of coherent structure  and this 
attributes stability to these particular boundaries compared to the grain boundaries which 
correspond to higher   CSL numbers. To this end, energy should be provided to observe a 
distinguishable, significant change in the twin spacing and thickness variables. Based on this 
rationale, we incrementally increased the annealing temperature until we observe fairly low pre-
existing dislocation density and coarsened twin boundaries with suppression of ledges as much 
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as possible as they are known to play a key role in the fatigue life acting as dislocation sources 
and crack nucleation sites [71]  
 
Figure 2.15 shows a general grain and twin size distribution. As can be seen, owing to electro-
deposition processing, there is a non-zero pre-existing dislocation (or slip) density. The average 
grain size of the as-received Ni-Co is evaluated to be 164 14  nm using linear intercept method. 
(b)  The grains coarsened exhibit less contrast compared to the smaller grains and this 
observation suggests that the pre-existing dislocation density is annihilated with the grain 
coarsening. On the other hand, no significant change in the twin thickness and spacing is 
observed in general.    
   As a second attempt of microstructure engineering, the as-received Ni-Co is subjected to 
an annealing treatment at 500oC for 4 hours (followed by a water quench) to further promote 
grain and twin coarsening. The resulting microstructure is imaged by TEM and shown in Figure 
2.16. As can be seen, compared to the as-received condition, the heat treatment decreased the 
density of the pre-existing dislocations as can be distinguished by the greater regions without 
fault-defect induced contrasts. Furthermore, some of the grains are observed to coarsen in 
expense of the others and introduce a bimodal grain size distribution. This grain coarsening 
mechanism introduced an average grain size of  246 25  nm. The coarsening is not only limited 
to the grains but also observed in the twins. The close examination Figure 2.14(b) and Figure 
2.16(b) suggests that the pre-existing dislocations are annihilated as a result of annealing 
treatment. To this end, the mechanical behavior is expected to differ in annealed Ni-Co 500 HT 
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sample from the as-received Ni-Co. 
 
 
Figure 2.16 (a) shows the general microstructure after a heat-treatment procedure of annealing at 
500oC for 4 hours. As can be seen, the grain size distribution exhibits a bimodal distribution as a 
result of relatively larger grains coarsening in expense of the smaller ones. On the other hand, the 
pre-existing dislocation density still persists to be present. An average size of 246 25  nm is 
evaluated to by the linear-interception method. (b) A closer examination of the intergranular 
regions suggest twin coarsening as well as a decrease in the pre-existing dislocation density with 
greater areas without contrast due to the defects and faults.   
 Finally, the as-received sample is subjected to a heat treatment of annealing at 600oC for 
4 hours and water quenched. The resulting microstructure imaged by TEM is shown in Figure 
2.17. The annealing at 600 oC promoted grain coarsening at the expense of smaller grains in a 
more pronounced fashion compared to the previous two treatments at 400oC and 500oC. 
Furthermore, the annealing twins with greater thickness are also observed. The pre-existing 
dislocation density is distinguished to be very low compared to the other microstructures. The 
average grain size for this microstructure is quantified to be as  430 40 nm by the linear-





Figure 2.17 (a) shows the general microstructure after a heat-treatment procedure of annealing at 
600oC for 4 hours. As can be seen, the grain size distribution exhibits a more pronounced 
bimodal distribution as a result of large grains coarsening in expense of the smaller ones. The 
pre-existing dislocation density is attenuated and vast intragranular regions without any defect-
fault induced contrasts are distinguishing. An average size of 430 40  nm is evaluated to by the 
linear-interception method for this annealed microstructure. (b) A closer examination of the 
intergranular regions suggest twin coarsening is promoted as can be seen by the annealing twins. 
The twin spacing and thickness is greater compared to the other microstructures.   
2.3.2 Uniaxial Stress vs Strain Curves  
 The resulting effects of the microstructural engineering implemented by the annealing 
treatments at 400oC -Ni-Co 400 HT, 500oC Ni-Co 500 HT and 600oC Ni-Co 600 HT for 4 hours 
in comparison with the as-received Ni-Co is plotted in Figure 2.18. As can be seen, the heat 
treated microstructures exhibit significantly different behavior from the as-received Ni-Co 
sample. The most distinguishing trend is that as the annealingtemperature increases, the strength 
significantly drops and the ductility is promoted. This result is consistent with the classical Hall-
Petch type behavior. The grain and twin coarsening with increased annealing temperature 
facilitates the glide motion of the dislocations by increasing their mean free path and decreasing 
their interaction frequency with the boundaries. On the other hand, the uniaxial strain levels are 
too small to distinguish the elastic moduli variation with microstructural change within the 
framework of DIC measurements. Meanwhile, the stress-strain curves draw a general picture 
about the microstructure and the ductility (or strength) relationship along with the pristine 
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crystalline TEM images; in Figure 2.19 and 2.20, we plotted the in-situ uniaxial strain maps 
(correlated by DIC) of the as-received Ni-Co and Ni-Co 600 HT to examine the differences in 
the strain field evolution more closely.      
 
Figure 2.18 shows the stress - strain plots for as-received Ni-Co, Ni-Co 400 HT which is the 
heat treated sample at 400oC 4hours, Ni-Co 500 HT (heat treated at 500oC for 4 hours) and 
finally Ni-Co 600 HT (heat treated at 600oC for 4 hours) under uniaxial tension. As can be seen, 
the ductility increases with heat treatment temperature which correlates with the grain and twin 
coarsening. On the other hand, significant drops in the strength values are observed with the 
annealing temperature increase.     
 Figure 2.19 shows the evolution of uniaxial strain fields for the as-received Ni-Co 
sample. The macroscopic strain field is measured by the average of the area displayed in the 
insets. Throughout the DIC analysis a subset size 55 pixels with 5 pixel step size is employed. 
The convergence of the results are ensured by varying the subset and step sizes.  The  DIC 
technique allows us to pinpoint start of plastic activities at point A as the homogeneous 
distribution of uniaxial strain field is disturbed and localization of strain field incurs at this level. 
It is to be noted that in the elastic regime the strains are distributed almost in a homogeneous 
fashion and the differential between the maximum and average strain field is much smaller than 
the one exhibited by point A. Further deformation results in the localization of the strains and 
41 
 
failure of the sample at a macroscopic strain level of 2.35%. The uniaxial strain field on the 
sample surface generated employing DIC allows us to detect an almost 5% local strain level at 
the instant of failure.  
 
Figure 2.19 shows the stress vs strain plot of the as-received Ni-Co sample. The insets display 
the evolution of the uniaxial strain fields.   
 Figure 2.20 shows the evolution of the uniaxial strain field for Ni-Co 600 HT sample. 
Owing to the grain and twin coarsening,  a greater level of plastic deformation can be 
accommodated up to 30% uniaxial strain levels. It is to be noted this high ductility is attained at 
expense of a strength decrease almost by 50% compared to the as-received Ni-Co as can be seen 
in Figure 2.18.  Meanwhile, considerable strain hardening is exhibited by the as-received Ni-Co, 
the Ni-Co 600 HT follows a plateau yield region which indicates an almost perfect plastic 
behavior.The uniaxial strain maps generated by DIC suggests that plastic deformation evolution 
across the gage section in Ni-Co 600 HTis different from the as-received Ni-Co as can be seen 
by comparing Figure 2.19 an 2.20.  
Meanwhile no necking observed for as-received Ni-Co, the high strain levels indicate 
localized necking for Ni-Co 600 HTTo build a comprehensive understanding on the 
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microstructural effects underlying this mechanical behavior, we will compare the post-
deformation TEM images for these two samples of as-received Ni-Co and Ni-Co 600 HT in the 
following section.  
 
Figure 2.20 shows the uniaxial stress vs strain behavior of Ni-Co 600 HT sample. As different 
from the as-received Ni-Co, the annealing and the accompanying grain-twin coarsening 
attributes a pronounced ductility reaching up to 30% on the macroscale.  
2.3.3 Post-deformation microstructure characterization  
          The post-deformation microstructure of the uniaxially deformed Ni-Co samples are 
imaged by TEM. Figure 2.21 shows the TEM images corresponding to the deformed as-received 
Ni-Co sample the stress-strain response of which is plotted in Figure 2.18 and 2.19. The 
considerable density of dislocations in Figure 2.21 (a), are determined to be present in the 
deformed microstructure providing evidence for the dislocation mediated plasticity as the 
governing deformation mechanism. Closer examination of the intergranular regions in Figure 
2.21 (b) suggests that twin boundaries can accommodatee slip-mediated plasticity as indicated by 
the dislocations impinged on the boundaries.. It is to be emphasized that the as-received Ni-Co 
microstructure is stable even after deformation, i.e. no voids or signs of grain boundary 





Figure 2.21 (a) shows the TEM images of the as-received Ni-Co microstructure after 
deformation. The presence of dislocations provide evidence for the dislocation-mediated 
plasticity in as-received Ni-Co. (b) Close examination of the intergranular regions show that the 
twin boundaries impede the dislocation motion as well as contribute to accommodation of the 
dislocations. Owing to the low ductility, the twin boundaries conserve their coherent structure.  
 Similarly, post-deformation microstructure for Ni-Co 600 HT (annealed at 600oC for 4 
hours) is shown by TEM images in Figure 2.22. In Figure 2.22 (a) the intragranular regions 
exhibit high dislocation density compared to as received Ni-Co. The boundaries accommodate 
plastic strain as indicated by the promoted number of dislocation within their close theirborhood. 
Closer examination of the intragranular regions in Figure 2.22(b), reveal that the grain and twin 
boundaries can also act as dislocation nucleation sites to accommodate the high strain levels as 
indicated by the radii of the dislocation loops pointed by the red arrows. The high dislocation 




Figure 2.22 (a) shows the TEM images corresponding to the heat treated sample Ni-Co 600 HT 
(at 600oC for 4 hours). The dislocation density is more pronounced compared to the as-received 
microstructure. The twins act as obstacle against the dislocation glide as can be seen by the 
uneven distribution of the dislocation densities across the boundary. It is to be noted at some 
locations such pointed by the arrow, the coherency of the twins vanishes complying with the 
high ductility observed. (b) Closer examination of the intergranular regions show that twin 
boundaries as well as grain boundaries may act as nucleation sites for the dislocations as 
indicated by the radii of the loops by the arrows.     
2.3.4 Fatigue Crack Growth (FCG) Experiments  
Considering the significant difference in mechanical response of the two microstructures 
of Ni-Co, i.e. as-received Ni-Co and Ni-Co 600 HT, under monotonic uniaxial tension; we 
conducted FCG experiments on both of these samples. For the FCG experiments, the sample 
geometry with a notch as shown in Figure 2.3 is employed. A load ratio of R =0.05 with a 
maximum far-field stress level of 275 MPa is applied at 5 Hz using an MTS load frame. After 
the crack initiation, the crack size is tracked by running observation cycles and slowing down the 
load frequency to 0.25 Hz such that two observation cycles are introduced within a period of 250 
or 500 Hz regarding the propagation rate of the crack. This technique enables us to capture 60 
images/(observation cycle) employing a CCD camera and the crack opening levels are 
determined precisely which is of paramount importance to quantify the effK  levels accurately. 
The resulting crack growth rates are determined utilizing the methodology described in Methods 
section with employing ASTM Standard fitting procedure.  
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The FCG curves of as-received Ni-Co and Ni-Co 600 HT plotted in log-log scale are 
shown in Figure 2.23. As can be seen the microstructure induced difference in the monotonic 
mechanical response is also reflected in the cyclic crack growth behavior of these samples. With 
its higher plastic strength, as-received Ni-Co exhibits a threshold level of 
eff,thK 8MPa m   and 
in the Paris regime, the coefficient p is evaluated to be equal to 1.3 by regression anaysis. On the 
other hand, the grain-twin coarsening degrades the threshold resistance of Ni-Co 600 HT to a 
level of 
eff,thK 3.5MPa m   as well as  promoting p coefficient to p=2.0. These resulting values 
of eff,thK  and p values indicate that the FCG resistance in Ni-Co 600 HT  is lower compared to 
the as received microstructure of Ni-Co.  
 
Figure 2.23 shows the FCG rate data collected at ambient room temperature with a load ratio of 
R=0.05 - max. far-field stress level of 275 MPa. The resulting FCG rate curves indicate that the 
as-received Ni-Co microstructure exhibits higher resistance against fatigue crack propagation in 
both at low growth rates, i.e.  threshold regime, and higher growth rates corresponding Paris 
regime distinguished following the kink in the curves. The crack-tip displacement fields at A,B, 
C and D points are demonstrated in the following discussion. 
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In order to exemplify the methodology followed to determine the crack-growth rates and 
effK  levels, the displacement-field maps ahead of the fatigue crack are plotted in Figure 2.24 for 
the configurations corresponding to point A and B in Ni-Co 600 HT FCG data . It is to be noted 
that the fitting curves for the vertical displacement field, v, indicate a effK   value of 
4.2 MPa m  and 5.9MPa m  for A and B points respectively. Similarly the points on C and D 
on the FCG curve of as-received Ni-Co are shown in Figure 25 with effK  8.3 MPa m  and 
16MPa m  respectively. As can be seen in both Figure 2.24 and 2.25, with increasing effK  
levels, the displacement field around the crack tip is promoted in intensity and the displacement 
gradients are elevated as the LEFM theory predicts.       
 
Figure 2.24 (a) shows the displacement contours at the crack-tip for point A (in microns). (b) 
shows the displacement contours at the crack-tip for point B (in microns).  The displacement 
legends of the experimental and theoretical contours are taken to be same. 
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Figure 2.25 shows the displacement contours at the crack-tip for point C (in microns). (b) shows 
the displacement contours at the crack-tip for point D (in microns). The displacement legends of 
the experimental and theoretical contours are taken to be same.  
Meanwhile, the FCG rate vs effK   curves plotted in Figure 2.23 provides significant data 
regarding the fatigue response variation as a function of heat-treatment induced microstructural 
changes (as demonstrated in the TEM images of Figure 2.14 and 2.17), the quantification of the 
irreversible cyclic strain ahead of the crack-tip is also another factor to be considered to build a 
comprehensive understanding on the microstructure-sensitive FCG behavior. To shed light on 
the variation of plastic activities ahead of the crack tip, we conducted high magnification in-situ 
FCG tests employing the SEMTester. The loading conditions of the experiments are kept same 
as detailed in the section 2.2.2. The evolution of the irreversible strain with increasing number of  
cycles and the effect of microstructure on the FCG in terms of irreversible strain  will be 
discussed in the following section, exploiting the FCG experiments on as-received Ni-Co and Ni-
Co 600 HT samples. 
2.3.5 High magnification in-situ Irreversible Cyclic Crack-Tip Strain Quantification 
The magnification FCG experiments allow us to map the cyclic strain fields 
accommodated at the crack tip and to track the evolution of the maximum, 
max





 , axial strain fields which are major measures of the plastic activities promoting 
crack advancement at the fatigue crack-tip. To accomplish this task, we employed DIC technique 
and captured images at the peak load level of 275 MPa and at the end of particular cycles, i.e. at 
a stress level of 13.5 MPa. Figure 2.26 shows the corresponding axial strain fields at point E on 
the FCG curve of Ni-Co 600 HT sample in Figure 2.23. As can be seen the maximum of the 
axial strain field reaches up to a level of 8% for a crack length of a 0.66 mm . At this point, 
effK  is measured to be equal to 5MPa m and FCG rate is equal to  
6
da / dN 2x10 mm / cycle

 . 
The maximum irreversible strain at the end of the cycle is measured to be 4%. As the crack 
length reaches 1.37 mm at point F, we do observe a maximum axial strain level of 15%. As can 
be seen in Figure 2.27, the da/dN value for this cycle corresponds to   
5
3 x 10 mm / cycle

 with a 
effK  value of 6.5MPa m . The irreversible strain level corresponds to 8.5% for this cycle.  
Similar experiments are also conducted on as -received Ni-Co sample. Figure 2.28 shows 
the max. strain level reached at the peak of the loading cycle which is 2% at a crack length of 
a 0.58mm  marked by the point G in Figure 2.23. As can be seen, at the end of the cycle, 
almost 0.5% irreversible strain is accommodated ahead of the crack tip which leads to a crack 
growth rate 
7
da / dN 9x10 mm / cycle

 . It is to be to noted at point G, effK  is quantified to be 
equal to 8.3MPa m .  Further applied cyclic loading increases the strain levels accommodated 
as exemplified at point H which corresponds to a max. cyclic strain level of 5%  accommodated 
at the crack tip zone at a crack length of 1.74 mm as in Figure 2.29. At the end of the cycle, an 
almost 3% of it is accommodated as irreversible strain which leads to a crack growth rate of  
5
da / dN 8x10 mm / cycle

  at effK 28.2MPa m  . Close examination of the da / dN , effK , 
max
  and  
irr
  levels reveal that more driving force for the crack to grow in as-reeceived Ni-Co 
microstructure compared to Ni-Co 600 HT. Meanwhile, the chemical composition is identical, 
this differential in the fatigue impedance of as-received  Ni-Co and Ni-Co 600 HT is attributed to 
the microstructural changes introduced by the heat treatment conducted at 600oC for 4 hours.             
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Figure 2.26 shows the variation of cyclic axial strain field (a) the peak far-field loading of 275 
MPa, (b) at the end of the loading cycle for point E in the Ni-Co 600 HT microstructure.    
 
Figure 2.27 shows the variation of cyclic axial strain field (a) the peak far-field loading of 275 






Figure 2.28 shows the variation of cyclic axial strain field (a) the peak far-field loading of 275 
MPa, (b) at the end of the loading cycle for point G in the as-received Ni-Co sample.    
 
Figure 2.29 shows the variation of cyclic axial strain field (a) the peak far-field loading of 275 




Considering the measurements conducted on both as-received Ni-Co and Ni-Co 600 HT, 
the evolution of the 
max
  and 
irr
  strain are plotted as a function of crack length a in Figure 2.30. 
As can be seen, both 
max
  and 
irr
  levels increase with the crack length which complies with the 
earlier linear elastic fracture mechanics calculations in the literature. As an interesting point, 
max
  
can only reach up to 18% for Ni-Co 600 HT even though it exhibits a ductility exceeding 30%  
in the uniaxial tension experiments. This behavior suggests that the beyond 18%, maxK  value 
exceeds the fracture toughness cK  and the crack becomes unstable leading to catastrophic 
fracture.  
 
Figure 2.30 shows the evolution of the maximum  
irr
  and 
max
  levels as a function of crack 
length. 
On the other hand, the as-received Ni-Co exhibits much smaller 
max
  and 
irr
  levels 
complying with the greater fatigue impedance of it which is also reflected in FCG curves of 
Figure 2.23. These data on the evolution of  
irr
  strongly suggests that the cyclic crack 
52 
 
propagation is mainly governed by the 
irr
 levels accumulated at the tip region which is a measure 
of the irreversible glide path of the dislocations under fatigue loading. Similar to Ni-Co 600 HT, 
the 
max
  levels for the as-received Ni-Co exceeds the ductility measured in uniaxial tension 
experiments locally addressing that the cyclic and monotonic plastic behavior of Ni-Co alloy is 
distinct.   
 Though the FCG experiments at different scales provided physical measures for us to 
quantify the crack-tip irreversible displacements for different microstructures of as-received Ni-
Co and Ni-Co 600 HT, in order gain a deeper physical insight in the underlying physical 
mechanisms that nurture the observed trends in the experiments, we conducted TEM imaging on 
the fatigued samples. The prominent trends observed in the images will be discussed in the 
following section.     
2.3.6 Post-FCG Experiment Microstructure 
 The TEM imaging following the FCG experiments on Ni-Co 600 HT sample shows 
extensive dislocation activities along the grain and twin boundaries as shown in Figure 2.31(a). 
This complies with the high ductility  and lower strength of Ni-Co 600 HT, as well as greater 
max
 and  
irr
  levels measured at high magnification FCG experiments compared to as-received 
Ni-Co sample. Closer examination of intergranular regions in Figure 2.31 (b) clearly 
demonstrates the interaction of dislocation -twin and grain boundaries. The high stress levels 
reached as a result of dislocation pile-up’s introduce nucleation of dislocation at the boundaries 
to the adjacent crystalline which contribute to the accommodation of high strains measured in the 
experiments. This observation suggest that the twin and grain boundaries can act as both 




Figure 2.31 (a) shows the microstructure of Ni-Co 600 HT after the fatigue experiments. The 
twin and grain boundaries act as both nucleation sites and barrier against slip. (b)  Closer 
examination of an intergranular region is shown. The intensive dislocation activities as a result of 
cyclic loading results in loss of coherency along the twin and grain boundaries.   
 On the other hand, the extent of cyclic slip is more limited in as-received Ni-Co 
microstructure as demonstrated by the lower dislocation density in Figure 2.32 (a). This trend 
also complies with the lower values of 
max
  and 
irr
  levels in the high magnification FCG 
experiments. As can be seen by the contrast differences in Figure 2.32 (b), triple junction points 
act as nucleation sites for the dislocations. Meanwhile, the local stress field seem to be below the 
critical levels  to nucleate dislocations from the twin boundaries. This can be attributed to the 
coherency and the stability of the 3  coherent twin boundaries compared to the other grain 




Figure 2.32 (a) shows the dislocation activities under cyclic loading for the as-received Ni-Co 
microstructure. The limited cyclic slip is reflected by the higher FCG impedance. (b) Triple 
junction points are observed to act as dislocation nucleation sites. The twin boundaries preserve 
their coherency due to the lower strain levels reached compared to the fatigued Ni-Co 600 HT.  
 The comparison of the TEM images between the fatigued as-received Ni-Co and Ni-Co 
600 HT samples clearly demonstrates that the intensive cyclic dislocation glide is responsible for 
the lower fatigue impedance of Ni-Co 600 HT which is reflected in higher levels of 
irr
  and p 
value in the Paris regime as well as the degraded 
eff,thK  metric.  The strong dislocation pile up’s 
against the twin and grain boundaries in Ni-Co 600 HT plays a key role in the degradation of the 
fatigue properties of Ni-Co 600 HT in comparison to the as-received Ni-Co. To this end, these 
images builds up a motivation to interrogate the role of the dislocation-grain boundary 
interactions along with the characteristic dimensions, i.e. grain size, twin spacing and thickness. 
Furthermore, the contribution of the pre-existing slip density on the fatigue impedance of these 
two distinct microstructures should also be investigated. In the following section, the dislocation 
reactions on-going along the 3 , 9  and 11  boundaries are modelled within the framework of  
MDsimulations. The resulting dislocation reactions deduced from this analysiswill be employed 





2.4 Effects of Grain Boundary Types and Slip Transmission Reactions on Fatigue 
Threshold  
2.4.1 Slip Transmission Reactions  
2.4.1.1 Reaction 1 
       In this work, the slip transmission across a 3{111} 110    grain boundary has been studied 
in Reaction 1 scenario which focuses on the reversible cross-glide geometry as illustrated in 
Figure 2.33. In order to simulate the transmission of a crack tip emitted screw dislocation across 
a 3{111} 110    boundary, a defect has been introduced at the initial configuration of the 
simulation box as can be seen in Figure 2.33 (a) in which OVITO visualization software is 
utilized [72]. This defect acts as a stress-concentrator and nucleates a dissociated screw 
dislocation of 1/2 [-110]1 which glides towards the 3{111} 110    grain boundary. The 
dislocation reactions accompanying the slip transfer en-route the forward and reverse glide of the 
crack tip emitted slip has been detailed in Table 2.4. As can be seen in the insets of Figure 2.33 
(b)-(e), the forward slip transfer introduces no residual slip vector on the 3{111} 110    grain 
boundary. Similar behavior has been also observed during the reverse slip transfer from lattice 2 
to lattice 1 across the boundary. Therefore, both the magnitudes of the residual slip vectors 
accompanying the forward and reverse slip transfers in Reaction 1 scenario ( i.e. 
r,forwardb  and 




Figure 2.33 (a) shows the simulation box utilized to simulate the reversible cross-slip reaction, 
namely Reaction 1. To nucleate the incoming dislocation towards the 3{111} 110    boundary 
under the applied stress state, a defect is introduced in lattice 1. (b) shows the incoming 
dislocation of  1/2 [-110]1  dissociated into its Shockley partials of 1/6 [-2 1 -1]1 and 1/6 [-1 2 
1]1. (c) The Shockley partials contract on the 3 {111} <110> boundary. (d) The contracted 
dislocation of 1/2 [-110]1 , is transmitted to lattice 2 in its dissociated form following a mirror 
symmetric glide trajectory  across the boundary. Initially, the leading Shockley partial  of   1/6 [2 
-1 1]2  is transferred to lattice 2 introducing a stacking fault layer between its core and the 
boundary. (e) Following the leading partial, a Shockley trailing partial is transmitted, i.e. 1/6 [1 -
2 -1]2. As a result,  a dislocation of 1/2 [1 -1 0]2  glides inside lattice 2 without leaving any 
residual Burgers vector on the boundary. Therefore, the forward reaction is a reversible cross-
slip reaction. A similar reversible slip transfer mechanism is observed in an opposite fashion 
during unloading.  
2.4.1.2 Reaction 2 
           Reaction 2 scenario focuses on the transfer of a screw character slip across the symmetric 
tilt boundary of 9 {114} <110>. For this purpose, a simulation box is delineated with a defect 
which is introduced to nucleate a screw dislocation under the applied loading, as exhibited in 
Figure 2.34 (a). In this case, the incoming dissociated screw dislocation of 
11/ 2 [1 1 0]  
incorporates into the boundary from lattice 1 side and the resulting strain energy introduced into 
the medium is relaxed by nucleating a 
21/ 2 [1 10] screw dislocation inside lattice 2 along with a 
residual slip vector of 
24 / 9 [2 2 -1] which is a grain boundary dislocation of DSCL and does not 
change the CSL index. This is illustrated in the insets of Figure 2.34 (b)-(f). The details of the 
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forward and reverse slip transfer across the 9 {114} <110>  boundary are given in Table 2.4. As 
can be seen in Figure 2.34 (e), the forward slip transfer is irreversible with a residual slip vector 
of  
r,forwardb = 4/9 [2 2 -1]2. Similarly, the reverse slip transfer across the 9 {114} <110> 
boundary  is also of  irreversible nature in Reaction 2 scenario, i.e. 
r,reverseb   4/9 [-2 -2 1]1. 
 
Figure 2.34 (a) shows the simulation box utilized to simulate the forward slip transmission in 
Reaction 2 scenario. The incoming dislocation 1/2 [1 1 0]1 is dissociated into two Shockley 
partials, 1/6 [2 1 -1]1 and 1/6 [1 2 1]1.  (b)-(c)  show the interaction of the leading partial 1/6 [2 1 
-1]1 and the trailing partial 1/6 [1 2 1]1 with 9 {114} <110>  boundary respectively. (d) The 
incorporated 1/2 [1 1 0]1  dislocation into 9{114} 110   grain boundary dissociates into 4/9 [2 2 -
1]2  which is a glissile grain boundary dislocation for the 9{114} 110   grain boundary and makes 
the boundary nucleate a glissile dislocation of 1/2 [1 1 0]2 into lattice 2. (e)-(f)  show captions 
from the glide trajectory of the transmitted 1/2 [1 1 0]2 dislocation inside lattice 2. 1/2 [1 1 0]2 
dissociates into two Shockley partials, i.e., the leading partial 1/6 [2 1 1]2   and the trailing partial 
1/6  [1 2 1]2.  
2.4.1.3 Reaction 3 
    The last reaction scenario focused in this work, i.e. Reaction 3, consists of the transfer of slip 
across the 11  {113} <110>  symmetric tilt boundary. During the forward slip transmission from 
lattice 1 to lattice 2, the incoming screw character dislocation of 
11/ 2[ 1 0 1]  interacts with the 
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grain boundary as detailed in Table 2. Similar to the other scenarios, the dislocation is nucleated 
from a defect located inside lattice 1 region of the simulation box as illustrated in Figure 2.35 (a). 
The slip-grain boundary interaction for Reaction 3 involves the incorporation of the incoming 
slip and the transmission of a screw dislocation of 
21/ 2 [1 1 0]  into lattice 2. It should be noted 
that this slip transfer is accompanied with a residual slip vector of 
r,forwardb = 21/ 22 [4 7 1]  which 
is a grain boundary dislocation of DSCL. Similarly, a set of  irreversible dislocation reactions 
accompany slip transfer from lattice 2 to lattice 1 as expressed in Table 2.4 leaving a residual slip 
vector of  
r,reverseb  = 5/22 [3 3 -2]1. As can be seen in Table 1, r,reverseb  is also a grain boundary 
dislocation belonging to the group of shortest translation vectors of DSCL.  
 
Figure 2.35 (a) shows the simulation box utilized to study the forward slip transmission in 
Reaction 3 scenario across the 11  {113} <110>  boundary. The dislocation is nucleated from the 
pre-existing defect under applied shear loading and tracked along the glide trajectory in both 
grains during loading and unloading. (b) shows the image caption for the interaction of the 
incoming dissociated dislocation of 1/2[-1 0 1]1 with the 11{113} 110    boundary. (c) After 
incorporating the leading partial 1/6 [-2 1 1]1 , the trailing partial 1/6 [1 1 -2]  interacts with the 
grain boundary. (d) The incorporation of the leading and trailing partials introduce the grain 
boundary dislocation of  1/22 [4 -7 1]2 which is glissile on the (113) grain boundary plane. (e) In 
order to further release the accumulated strain energy, the 11  grain boundary emits a dissociated 
dislocation of 1/2 [110]2  into lattice 2. The leading partial of 1/6 [ 1 2 1]2  is shown in the inset. 
59 
 
(f) Following the leading partial, the trailing partial of  1/6 [ 2 1 -1 ]2 is also emitted into lattice 2 
and under the applied stress, the dissociated dislocation glides further away from the boundary. 
2.4.2 Variation of Friction Stresses Based on Grain Boundary Structure and Slip Transfer 
Reactions 
         The transmission of the crack-tip emitted slip across the grain boundaries is governed by 
the structure of the boundary and the applied loading configuration as well as the incoming slip 
geometry, i.e. glide direction and plane. The details of these dislocation reactions focused in this 
work are described in Table 2.4. The corresponding lattice friction stress values are tabulated in 
Table 2.5 for each reaction type distinguishing the forward and reverse glide. It is worth 
emphasizing that the lattice friction stress is evaluated to be equal to 60 MPa inside the pristine 
crystal along the <110> {111} slip system family. 
As can be seen in Table 2.4 and Table 2.5 for Reaction 1 which is a reversible cross-glide 
reaction across the 3{111} 110    coherent twin boundary, there is no friction stress 
differential, i.e. defined as 
barrier forward barrier reverse
F F
 
      , unlike the other reactions. Moreover, 
the absence of the residual slip vector for this reaction during the forward and reverse slip 
transmissions are expected to promote the fatigue threshold. On the other hand, for the other 
reactions, depending on the magnitude of the incoming and outgoing slip vectors, the lattice 
friction values show significant discrepancies along with the varying residual slip vectors. These 
resulting data suggest that in addition to 
forward
F  and 
reverse
F ,  both   and the scalar sum of the 
residual slip vectors corresponding to the forward and reverse glide, r,forward r,reverseb b , should 
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Table 2.5 summarizes the lattice friction values evaluated within Peierls-Nabarro framework for 
the forward and reverse glide across the corresponding the grain boundaries for the given 
reaction types.    
 
 2.5 Microstructure Sensitivity of Fatigue Threshold  
      The effective fatigue threshold values, 
eff,thK , evaluated based on the dislocation motion 
simulations are supplemented with the modified P-N formulation. The results are plotted in 
Figure 8 for the configurations of the initially pristine (
cn 0 ) and the pre-existing slip ( cn 4 ) 
configurations respectively. The pre-existing slip is simulated by inserting the continuum crystal 
dislocations ahead of the crack tip in the dislocation motion simulations. For each of the reaction 
types analyzed, the grain size values are varied within the range of 10 nm-60 nm equally,(i.e.  
denoted as d). As can be seen; although the 
eff,thK  values exhibit significant differences 
regarding the reversibility of the slip transmission across the grain boundaries based on the 
reaction geometry, the decrease of characteristic dimension d promotes the fatigue resistance for 
all of the reaction types considered. This shows that the grain size effect on the cyclic slip 
irreversibility is of long range nature and it governs on the dislocation interaction distances and 
the extent of pile-ups unlike the short-range contribution of the grain boundary barrier strength. 
On the other hand, it is important to emphasize that the short-range effects due to the varying slip 
energetics linked with the different grain boundary structures can also contribute to the FCG 
behavior in the threshold regime. This reflections of these short-range effects can also be 
observed in the finite 
eff,thK  differentials shown in Figure 2.36.  
As the TEM images in our previous work  [16]  present evidence for the crystal 
dislocations in the undeformed configuration remnant from the electrodeposition process, the 
shielding /anti-shielding effects of these defects should also be incorporated in our analyses to 
develop a comprehensive understanding of the microstructural effects on the fatigue threshold 
Reaction 1 3{111} 110    forward
F 145 MPa   
reverse
F 145 MPa   
Reaction 2 9{114} 110    forward
F 265 MPa   
reverse
F 310 MPa   
Reaction 3 11{113} 110    forward
F 294 MPa   
reverse
F 203 MPa   
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levels. Therefore, the dislocation motion simulations are also conducted by introducing 4 crystal 
dislocations, 
cn 4 , ahead of the crack tip inside the delineated medium. This allowed us to 
quantify the effects of the pre-existing slip on fatigue behavior and compare the resulting 
eff,thK  
values of the pristine crystal, (i.e. 
cn 0 ), illustrated in Figure 2.36 (a) and of the pre-existing 
slip in Figure 2.36 (b). The crystal dislocations ahead of the crack tip promotes the fatigue 
resistance compared to the pristine crystal scenarios as can be seen in Figure 2.36 since the stress 
field created by the positive crystal dislocations ahead  of the crack tip suppresses the slip 
irreversibility by decreasing both the number of dislocations emitted from the crack-tip and the 
mean dislocation glide path which diminishes the frequency of the dislocation-grain boundary 
interactions on the glide trajectory and lastly the back-stress effects. Another important point to 
emphasize is that the shielding effect prevails irrespective of the short-range nature of the slip 









































































































































































































2.6 A Closed Form Predictive Equation for Microstructure-Sensitive Fatigue Threshold 
           The dislocation motion simulation results presented in Figure 2.36 suggest that the slip-
transmission configuration, the pre-existing slip (the crystal dislocations) and the characteristic 
dimension, (i.e. the size of the grains), contribute to the threshold value in a concerted fashion. In 
this work, 
eff,thK  is quantified based on the friction stresses F , 
forward
F  and 
reverse
F ,  the total 
residual slip vector, (i.e. 
r,forward r,reverseb b ), the friction stress differential across the grain 
boundaries, (i.e.
forward reverse
F F      ), and the number of crystal dislocations, Cn  . Following 
the multi-variable regression of the results presented in Table 2.4 and Table 2.5 along with the 
data presented in Figure 2.36, a closed form equation is proposed to predict the effective 
threshold 
eff,thK  for Ni-Co alloy where 0K  is taken as 1 MPa m  and on 1 : 
   
forward reverseforward




4.36 0.21 0.76 0.37 3.58
K b n b
   




2.7 Comparison of the Predicted effK  values with the Experimental Measurements  
         Figure 2.37 shows the threshold bounds established by incorporating different grain 
boundary structures in the dislocation motion simulations under varying u  values for a range of 
d values varying between 10-60 nm. The experimental measurements of the crack growth rates 
for the as received Ni-Co and the 600oC 4hr annealed Ni-Co 600 HT samples fall into different 
bounds at different growth rates complying with the distinct slip irreversibility ratios of the slip 
transmission reactions across the 3 , 9  and 11  grain boundary structures. Since the as- 
received and annealed samples have different initial dislocation densities, the number of crystal 
dislocations are changed in modelling the Stage I behavior of these two materials in which 
cn 1  
and 
cn 4  used respectively. The lack of a unique threshold value originates from the fact that a 
short length fatigue crack (following the initiation stage) encounters with varying boundary 
structures and its growth rate varies significantly owing to the different slip transmission 
characteristics of the grain boundaries present in the microstructure. Therefore, within a small 
range of 
effK  variation, a significant change in the crack growth rate can be measured. This 
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suggests that we can only speak of an interval of  
eff,thK  values instead of a unique value for a 
given material owing to the different response of the microstructural features, such as the grain 
boundary structure and the grain size, into the cyclic glide of the dislocations emitted from the 
crack tip. Moreover, the pre-existing slip (initial dislocation density) is also shown to be 
considerably promoting the FCG impedance of Ni-2.89 wt.% Co. 
 
Figure 2.37 presents the microstructure dependence of the fatigue threshold behavior of Ni-2.89 
(wt.)%Co in comparison with the experimental data corresponding to as received Ni-Co and 
annealed (600oC for 4 hours) Ni-Co 600 HT. As can be seen, modelling the variation of the grain 
boundary character ahead of the crack tip in dislocation motion simulations results in threshold 
bounds within the characteristic dimension range of 10- 60 nm. The highest and lowest cyclic 
slip irreversibility is observed for the delineated geometries and microstructures favoring 
Reaction 3 and Reaction 1. Similar behavior can be also extended for the different crack growth 
rates within Stage I regime. It should be emphasized that the pre-existing slip (modeled by 
introducing crystal dislocations) significantly promotes the FCG impedance. The considerable 
contribution of pre-existing slip on the threshold level is evident from the comparison of Ni-Co 




2.8. Discussion of the Results   
       The nature of the interaction between the slip and the different boundary types has been the 
subject of the several previous experimental and theoretical investigations [5, 47, 61, 73, 74]. 
The coherent twin boundaries, (i.e. 3  {111} <110>), are known to impart significant FCG 
resistance to the nano-architectured microstructures [12, 16]. The reversible nature of the 
dislocation reactions involved for the coherent twin boundary geometry is closely linked with the 
symmetry and the low CSL number indicating the lattice continuity across the boundary. These 
characteristic features are the prominent factors behind the high threshold values measured as 
also shown theoretically in our dislocation motion simulations for Reaction 1.  
        The symmetric tilt 9{114} 110    type grain boundary bears characteristic similarities 
with the coherent twin boundaries, 3{111} 110   , as both of them are the members of a more 
general class of  n3  boundaries which are known to be capable of conjoining [75]. On the other 
hand, the slip energetics and the slip reversibility is significantly different for the 9  and 3  
type boundaries as shown in the previous literature [48, 76] complying with the results of the 
MD simulations and the P-N analyses presented in this work. As can be seen in Figure 2.36 in 
both pristine crystalline and the pre-existing slip configurations, the threshold values are higher 
for the delineated microstructures composed of only  3{111} 110    boundaries than the other 
microstructures. The lower fatigue resistance of the microstructures with the 9{114} 110    
grain boundaries finds its roots in the higher slip irreversibility and the greater slip stress 
differentials,  , associated with the nature of the slip transmission reactions across these 
boundaries compared to the coherent twin boundaries.  
          The dislocation motion simulations constituting 11{113} 110    type boundaries, are 
distinguished by their lower fatigue resistance values compared to the other configurations 
analyzed in this work. The larger   differential and the greater magnitude of the resultant 
residual slip vector are major mechanical factors in explaining the lower 
eff,thK  values 
corresponding to the simulation scenarios favoring Reaction 3 type slip transmission. It should 
be emphasized that the lower continuity level of the atomic lattice sites across the 11  type 
boundaries might be the crystallographic reason underlying this behavior which was also 
observed in the earlier slip trace transmission experiments of Lim et al. [77]. Therefore, even 
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though the barrier strength values for the symmetric tilt 11  {113} <110> boundary are higher 
compared to the other boundaries analyzed, the slip irreversibility associated with the grain 
boundary transmission reactions is expected to dominate the fatigue threshold behaviors of the 
delineated microstructures with the 11{113} 110    boundary. On the other hand, further studies 
are necessary in order to examine the behavior of other grain boundaries classified by the 11  
CSL number. 
The atomistic scale calculations are conducted via an interatomic potential of pure Ni 
which might introduce a small variation in the barrier strength calculations compared to the 
original composition of Ni-2.89 wt.% Co. It is known that the Co composition in Ni-Co alloys 
can contribute to the unstable stacking fault energy, 
us
 , and the intrinsic stacking fault energy, 
isf
 , levels as shown by Chowdhury et al.[11] via the molecular statics simulations and the ab-
initio calculations. On the other hand, the same study shows that the magnitude of the residual 
slip vector is the governing parameter on the generalized stacking fault energy levels associated 
with the slip transmission reactions which is surmised to be of the same nature in both pure Ni 
and Ni-2.89 wt. % Co. To that end, we expect the current slip energetics calculations to be of 
well representative. On the other hand, for the alloys with high Co concentration, segregation 
mechanisms [78] can introduce significant changes both in the barrier strength and the kinetics of 
the slip transmission reactions. 
       The simulation results suggest that the pre-existing slip is a prominent microstructural 
parameter to be considered in assessing the fatigue threshold resistance. The detailed comparison 
of the resulting threshold levels between the pristine crystalline and the delineated configurations 
with the pre-existing slip in Figure 2.36, suggests that substantial increase in 
eff,thK  is possible 
in presence of the pronounced crack tip shielding owing to the crystal dislocations which is 
confirmed to be present for the electrodeposited Ni-Co alloy samples imaged by TEM in our 
previous work [16]. Furthermore, the dislocation motion simulation results show that the 
promotion of the FCG impedance in presence of the pre-existing slip is observed for all of the 
reaction types analyzed irrespective of the differences in the short-range grain boundary slip 
transmission characteristics involved. This behavior complies with the long-range nature of the 
crystal dislocation induced elastic fields suppressing the local stress intensity at the crack tip.  
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       The grain size is also an influential microstructural parameter for the FCG resistance in the 
threshold regime. As can be seen in Figure 2.36, the refined grain size introduces significant 
increase in 
eff,thK . This behavior can be explained based on the shorter cyclic mean free path of 
the crack tip emitted dislocations in response to the higher frequency of the slip barriers for 
microstructures with finer grain sizes. Provided their shorter glide path, the dislocations can 
more easily slip back to the tip which in turn promotes the fatigue resistance as reflected by the 
eff,thK  levels.    
 In this chapter, we employed a multiscale approach to model the contribution of cyclic 
slip and grain boundary interplay on the FCG of materials, the microstructure of which is 
fashioned with the grain and twin boundaries at nanoscale. Extracting the lattice friction 
parameters by characterizing the slip energetics in pristine crystalline and of its transmission 
across a specific grain boundary within the framework of molecular dynamics and incorporating 
these parameters as input for the continuum scale dislocation equilibrium equations suggest 
promising results for understanding the microstructure effects prevailing on the FCG. At this 
stage, it should be emphasized that the results should be assessed within the limits of the 
governing equations, including the 2-D linear elastic constitutive behavior, the prevalent crack 
growth mechanism being the cyclic slip irreversibility of the single active slip system, the 
symmetric tilt grain boundary types considered and the interatomic forces potential employed. 
To that end, a unified modelling approach which can also incorporate a vast spectrum of 
geometries, the boundary types as well as the different alloy compositions would provide a 
sophisticated tool for architecting microstructures with higher FCG impedance complying with 









Chapter 3 Non-Schmid Slip Characteristics in Fe3Al Shape Memory Alloy 
3.1 Non-Schmid effects in Shape Memory Alloys  
              The conventional Schmid Law implies the existence of a constant Critical Resolved 
Shear Stress (CRSS ) magnitude for the onset of slip-mediated plasticity. The CRSS concept, 
which is assumed to be independent of slip system orientation and the sense of loading, has 
served the community well [79]. However, it is well established that CRSS values of body 
centered cubic (bcc) structured pure metals do not obey the Schmid Law  [80, 81].  Two reasons 
for the deviation from Schmid Law are known to be responsible but are not well understood: 
they are (i) twin-antwin slip asymmetry (TA) and (ii) non-glide shear (NGS) stress effects which 
we explain below step by step. 
               Firstly, the CRSS along the <111> direction on   {11 2}  glide planes depends on the 
twining or antitwinning direction of slip [82]. This twin-antitwin slip asymmetry, hereafter called 
as TA effect [83, 84]. The magnitude of this asymmetry may vary due to the specific electron 
configuration or bonding type present and is reflected on the topology of Generalized Stacking 
Fault Energy (GSFE) ,or   , surface [85, 86]. The quantitative extent of this asymmetry can be 
established by the atomistic simulations such as Molecular Dynamics (MD) or Molecular Statics 
(MS).  
             Secondly, the applied shear stress components couple with the non-planar core structure 
of screw dislocations regardless of whether or not they exert Peach-Koehler force [82, 87, 88]. 
This coupling transforms the core structures from a sessile to glissile configuration for the screw 
dislocation to move [87, 89-91]. The reaction coordinates of this transformation is a function of 
the applied stress tensor components, including both the GS and NGS stress components, i.e. 
GS  and NGS , which act along a parallel and perpendicular direction to the Burgers’ vector on 
the active glide plane respectively [92, 93]. The effect of NGS  on the critical value of GS  at the 
instant of slip initiation, i.e. equal to CRSS, can be revealed by studying the dislocation core 
displacements with MS simulations. To that end, superpartial screw dislocations are created by 
the relaxation of a derived anisotropic displacement field inside a designated simulation box. We 
will demonstrate both TA and NGS  effects rigorously in this paper in an attempt to unravel the 
causes of non-Schmid behavior in an ordered bcc-based alloy.   
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              The bcc-based ordered structures, e.g. DO3, B2, L21, are also known to exhibit non-
Schmid behavior [94-98]. In these structures, the dislocations are dissociated into their partials 
unlike pure bcc metals. Thus, the nature of the underlying mechanisms are more complicated 
because of the mutual interactions. As stated earlier, our main focus in this study be will be the 
non-Schmid plastic behavior of DO3-Fe3Al which is an intermetallic exhibiting superelastic 
behavior due to reversible slip [99-103].  In DO3 structured metallic materials, plastic strain is 
accommodated by the glide of  <111>  superdislocations which are  dissociated into four 1/4 
<111> superpartials. These partials are separated by Nearest Neighbor Anti Phase Boundary 
(NNAPB) and Next Nearest Neighbor Anti Phase Boundary (NNNAPB) faults [104, 105].  
              Figure 3.1(a), illustrates the asymmetry in <111> cross sections of   curves on planes 
exhibiting the break-down of Schmid Law  [99]. This asymmetry is also reflected on the resolved 
shear stress vs shear strain curves in Figure 3.1(b). We note the directional nature of CRSS and 
also the shear moduli in Figure 3.1(b). Besides the TA asymmetry, the applied NGS  on the 
active glide system also plays a significant role in the non-Schmid response of DO3-Fe3Al [102, 
103, 106]. This NGS  effect lying under the different CRSS values measured on the active glide 
systems under tension and compression loading is shown in Figure 3.1(c). The orientation 
relationship of crystals and the applied loading were interpreted using the conventional angle  , 
as can be seen in Figure 3.1(d) [81]. Physically,   corresponds to the angle between two planes 
which are significant in defining the dependence of slip geometry on the applied loading 
orientation and sense in bcc-based structures. First of these planes, taken as the reference plane 
for  , is the   {11 0} family plane with the highest resolved shear stress along the slip vector, i.e. 
either parallel to [1 1 1]

 or   [111]  for the sample orientations studied in this work ( [1 1 1]

 is 
chosen for the illustration in Fig.1). The  second plane is the maximum resolved shear stress 
plane (MRSSP) which can be any crystallographic plane bearing the highest shear stress along 
the same slip direction. It is important to note that   angle is bounded between   30
o
owing to 
the bcc crystal symmetry. This symmetry enables to use the standard stereographic triangle with 
the corners of       [0 0 1] - [0 11] - [1 11]

. Furthermore, the angle   is a directional measure which 
takes a positive/negative value towards the closest {112} plane sheared along the 
antitwinning/twinning sense. Regarding the data presented in Figure 3.1, it is inferred that both 
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TA asymmetry and NGS  component effects should be investigated in order to gain a 
fundamental knowledge of non-Schmid behavior of DO3-Fe3Al.            
             The present chapter aims to present a multifaceted approach to understand the origin of 
non-Schmid phenomenon in ordered DO3-Fe3Al alloy. To our knowledge, this is the first time 
that the significance of non-Schmid effects is shown for Fe3Al.  The contribution in this work 
can be summarized in capsule form as follows: (i) development of advanced DIC strain 
measurements to pinpoint precisely the onset of slip in DO3-Fe3Al using single crystal 
orientations chosen to accentuate TA asymmetry, and arrange NGS  component that assists or 
resists CRSS through core spreading. Macroscopic strain measurements are imprecise in this 
regard. (ii) a multiscale predictive tool utilizing both continuum and atomistic terms in a 
modified P-N formulation that results in a modified yield criterion illustrating the non-Schmid 
phenomenon, (iii) demarcation between the role of TA and NGS  effects utilizing Stroh-Eshelby 
anisotropic elasticity formulation [58, 107, 108] for NNAPB and NNNAPB fault arrangements 
resulting in clear demonstration of the isolated role of these two important effects.  
 
Figure 3.1 (a) The GSFE curves illustrate the lack of symmetry in   111  cross-section of   
surface on (1 1 2)  
 
 plane of DO3-Fe3Al owing to the TA asymmetry effect. (b) Resolved shear 
stress vs shear strain curves of DO3-Fe3Al exhibiting TA slip asymmetry depending on the sense 
of shearing. (c) The CRSS values measured on the active glide systems exhibit differences under 
tension and compression due to the presence of NGS  components. (d) The load and crystal 
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orientation effects are analyzed using the conventional angle   which is measured from the most 
highly sheared (in the direction of slip vector)   {11 0}  family plane to the MRSSP plane.   angle 
varies between oo30 30     and it is taken as positive towards the closest    {11 2}  family plane 
sheared along the antitwinning direction in the slip direction zone which is   (1 1 2)

 for the glide 
along      (1 0 1) [1 11]

 system under compression. The shear stress components, 
GS  and NGS , acting 
on the active glide system are also illustrated.   
Previous works have built a foundation for the present analysis but lacked the comparison 
with experiments and also delivered ideal stress levels in GPa’s as opposed to MPa’s. 
Additionally, most of the previous efforts have been focused on the single screw dislocation in a 
pure bcc metal and the deviation of CRSS values from Schmid Law has not been quantified for 
the bcc-based ordered structures in which the screw dislocation dissociates into its partials, such 
as in DO3-Fe3Al in this work. The anisotropic elasticity treatment in this chapter using the Stroh-
Eshelby formalism overcomes the limitations of an isotropic derivation of the displacements for 
the DO3-Fe3Al especially having a high anisotropy ratio. We show that the deviations from 
Schmid Law in DO3-Fe3Al is substantial compared to other cubic alloys and our work represents 
a very thorough experimental program to illustrate this.   
      In accomplishing these goals; firstly, the orientation dependence of CRSS values in DO3-
Fe3Al (23.7 at.% Al concentration) single crystals were investigated experimentally. For this 
purpose; [0 0 1] , [1 5 11]  and [0 1 1]  loading orientations were selected. The single crystals were 
subjected to both uniaxial tensile and compressive loading. The onset of slip in single crystals 
was identified precisely using high resolution, in-situ DIC strain measurements. Concurrently, 
MD simulations were utilized to evaluate the theoretical CRSS values by the modified P-N 
formalism [99]. The close agreement of both approaches on the non-Schmid response of DO3-
Fe3Al, stimulated further interrogation on the role of the core structure. By employing the MS 
simulations via imposing the anisotropic external displacement fields corresponding to the 
applied GS  and NGS  components, the core displacements [109] at the leading partials were 
established. These results provided insight on the role of the stress components on the glide 
resistance of screw character partials in DO3-Fe3Al. The current chapter, describes the 
experimental methods followed by the demonstration of non-Schmid effects studied with MD 
and MS calculations. The predictions of CRSS magnitudes from the modified P-N formalism 
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were achieved without any fitting constants or adjustable parameters. For comparison purposes, 
CRSS values were also evaluated employing the generalized yielding criterion proposed in the 
literature [2, 3, 110, 111] comparing a number of BCC alloys. The resulting CRSS values 
address the promising future extensions of this study for the crystal plasticity modelling efforts.  
3.2 Methods 
3.2.1 Experimental Methods 
Single crystals of Fe3Al were grown by Bridgman technique in He atmosphere. The 
tensile dog-bone specimens (1.5 mm x 3 mm net section with 10 mm gage length)  and 
compression specimens (4 mm x 4 mm x 10 mm)  were cut by electro-discharge machining with 
the loading directions parallel to [0 0 1], [1 5 11], [0 1 1] crystallographic directions. Following a 
solution treatment at 800 ºC for 1 hr and successively iced water quenching, the specimens were 
annealed at 400 ºC for 10 hr in order to obtain DO3 order and cooled in the furnace until reaching 
to the room temperature. To ensure the orientations of the heat treated single crystals, one virgin 
sample from each direction was prepared for X-Ray diffraction analysis. The pole figures and the 
diffraction patterns were obtained by Philips Xpert 2 diffractometer.  
             The compression and tension experiments were conducted using servo hydraulic load 
frame at ambient air with a strain rate of 5x10-5 s-1. Each specimen was mirror-polished and a 
speckle pattern was applied on its surface in order to measure the strain fields by the DIC 
technique. The pattern resolution is measured to be 30 microns/pixel. For DIC analysis a subset 
size of 35 pixels with a step size of 3 pixels is employed. The compression experiments were 
conducted on a MTS servo hydraulic load frame while the MTI SEM Tester load frame was used 
for tensile loading. For high resolution imaging, a CCD Camera + Olympus BX51M microscope 
combination (with Olympus lenses) was used. The resolution provided by this set up is 0.4 
micron/pixel  
 
3.2.2 Molecular Dynamics Simulations 
We employed MD simulations to quantify the CRSS values theoretically. For this 
purpose, an open source software LAMMPS (large-scale atomic/molecular massively parallel 
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simulator) was utilized [50]. MD simulations were conducted employing a semi empirical EAM 
potential developed for Fe-Al alloys at 300 K [112]. The temperature is controlled with a 
Nose Hoover   thermostat algorithm [52, 53]. DO3 lattice structure was inserted in a prismatic 
simulation box size of 900 x 300 x 50 Angstroms with periodic boundary conditions in all three 
directions. To mimic the uniaxial experiments in this study, the simulation box was oriented such 
that in each scenario either [0 0 1], [1 5 11] or [0 1 1] was subjected to uniaxial 
tensile/compressive loading. Also additional orientations of   [20 31 36] ,   [19 30 48]

,   [1 2 10]

 
and   [3 6 31]  were subjected to only uniaxial compression for comparison purposes with the 
reported results in reference [103]. A stress concentrator was inserted inside the pristine crystal 
of DO3-Fe3Al as a straight dislocation source. In order to evaluate the theoretical CRSS values 
on the glide plane, we utilized the modified P-N formalism detailed in Chapter 2.This formalism 
relates Peierls stress to the gradient of the total energy of the system with respect to the position 
of the dislocation line. The total energy (per unit dislocation length) of the crystallite which 
contains the four partials, 
total
E ,  is composed of the misfit energy, 
misfit
E , the line energy, 
line
E , 
the interaction energy of the partials, 
inter
E , and the applied work, W : 
 
total misfit line inter
E E E E W      (43)  
Among these terms, 
misfit
E  is equal to the potential energies of the partials regarding their 






  f   (44) 
The term   represents the GSFE landscape of the system on either   {11 0}  or   {11 2}   slip 
planes along the slip direction and is written as a function of the atomistic disregistry function, 
f(x) , which is also a function of x  coordinate on the glide plane perpendicular to the dislocation 
lines  [99, 113].  The   values are attained by utilizing the control box method [17, 114]. In 
control box approach, ahead of the oncoming partial dislocations a group of atoms is designated 
and the variation of their total potential energy from the perfect lattice energy, 
perfect
CBE , to CBE  is 










    (45) 
where CBA  is the glide surface area of the control box.  Owing to the non-planar structure of the 
partial dislocation cores, multilayer of atoms on both sides of the sheared glide plane are traced 
ensuring the convergence of   values. 
      At this point it is worth emphasizing that the non-planar cores of the partials interact with 
the applied stress components. As a result,   values in Eq.(45), traced during the glide reaction, 
are affected by the applied loading owing to the different core transformation paths followed. 
This interplay inevitably induces small differences in the   values attained between the control-
box approach and the conventional half-block sliding approach which is conducted under pure 
shearing along the fault displacement [115, 116]. These small differences are exemplified in 
Fig.2 for      (1 0 1) [1 11]

 glide system loaded under tension, shear and compression. As the   [1 5 11]  
sample is loaded under compression/tension, the    1/ 4 [1 11]

 partials nucleated from the stress 
concentrator gliding on   (1 0 1)  plane corresponds to higher/lower   values compared to pure 
shear loading. Even though this loading effect on GSFE curves generated is small for the   [1 5 11]  
sample, it can be significant for other orientations and is closely linked to the anisotropic 
behavior of CRSS values under varying   values.    
     Revisiting the general formulation in Eq.(43), the disregistry function, f( )x , represents 
the inelastic displacements parallel to Burgers’ vector across the glide plane. It is written as [99, 
117]:  
1 1 1 1
1 2 31 1 2
x (d d d )x d x (d d )b x
f(x) tan tan tan tan  2b
              
                      
  (46)   
where  is the half core width of the partials; 1d , 2d , 3d  are the separation distances between 
themand b is the magnitude of superpartial Burgers’ vector, b  ( b= b =    1 4 111  ). The 
discrete form of 
misfit
E  is given in Eq.(47) where x  variable is changed with the ma' u  
expression to reflect the discreteness of the lattice in the Peierls-Nabarro formulation [30, 118]. 
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In Eq.(47), m  is an integer, a' is the shortest distance between two equivalent atomic rows in the 
direction of dislocation displacement and u  is the position of the leading dislocation line.   
 
misfit






  f a u a   (47) 
    The total energy per unit dislocation length, 
total
E , consists of both short range ,
misfit
E , and long 
range, 
line
E  and 
inter
E , energy terms with the applied work, W . The long range energy terms are 
dependent on the elastic constants, the magnitude of Burgers’ vector of each partial, b, and the 
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     
  
 
   
       

                                    (48) 
In Eq.(48) above, 1212C  is a component of the fourth order elastic stiffness tensor, C , written in 
the DO3 crystallographic frame and relates the second order stress, σ , and the strain, ε , tensors 
respectively as in Eq.(49) where the indices i,j,k,l  take values 1 to 3 obeying the repeated indices 
summation convention (further information can be found in Appendix A). 
 ij ijkl klC     (49) 
Revisiting Eq.(48),  n represents the number of superpartials, i.e. 4 in our case, and L is 
the outer dimension of the crystallite and is taken to be 1000 times b. The parameter H is 
dependent on the elastic constants and involves information about the elastic response of the 




H 1 12 1
2C
 
    
 
  (50) 
After determining the individual energy terms and the applied work; Peierls stress, p , which is 
taken as equal to theoretical CRSS, is calculated as the maximum slope of 
total
E  with respect to u












  (51) 
     In modified P-N formalism, theoretical CRSS values are affected by the general topology 
of the GSFE curves generated.  The peak energy value on the GSFE curves, i.e. unstable stacking 
fault energy, us , represents the energy barrier against the motion of the partials on the 
corresponding glide system. Similarly, the first/third and second minima of the GSFE curves 
correspond to NNAPB, 
NNAPB
 , and NNNAPB ,
NNNAPB
 ,  fault energies of the pertinent system 
respectively. These fault energies are decisive in the separation distances and the restoring forces 
between the partials. The core structure of a partial is transformed at the onset of glide motion in 
a tendency to minimize the restoring forces acting on it. Thus, 
NNAPB
  and 
NNNAPB
  energies are of 
paramount importance to understand the core behavior of partials. 
3.2.3  Molecular Statics Simulations 
          The DFT and MD simulations are well established, while the MS simulations, which 
can be very instructive for studying core structures and energy barriers under shearing have not 
been as well described. It is our aim to highlight the efficacy of the MS simulations and the 
results derived from MS below. In this study, MS simulations are based on the relaxation-type 
calculations of the DO3 crystal structure employing Fe-Al potential under varying ratio of 
applied shear stress components, i.e. GS  and NGS . We employed MS simulations: (i) to check 
the accuracy of the Fe-Al potential used especially in relation to DFT based results, and (ii) to 
investigate the core structures of the leading superpartials under shear stress components 
corresponding to the uniaxial compressive loading along [1 5 11] , [0 0 1]  and [20 31 36]  
crystallographic directions. While a defect free crystal structure was utilized for the former one, a 
superdislocation, dissociated into four superpartials, was inserted inside the simulation box to 
accomplish the latter. 
    In delineating the simulation box, implementing the crystallographic orientations of the 
single crystals and the applied loading; three coordinate frames are used. These are: DO3 crystal 
frame, 1 2 3X X X   and 1 2 3x x x   coordinate frames as shown in Figure 3.2. DO3 crystal frame 
base vectors 1e , 2e , e3  are equal to          [1 0 0], [0 1 0], [0 0 1] DO3 lattice vectors. The 
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orthonormal, right hand coordinate frame 1 2 3X X X   is oriented such that the axis 2X  is 
coincident with the line of action of the uniaxial load vector, i.e. [p q r]  direction in DO3 
coordinate frame, and 3X  axis is normal to the sample surface on which DIC pattern is 
implemented. 1 2 3X X X   frame is employed throughout the experiments and MD simulations. 
The unit basis vectors of 1 2 3X X X   frame are 1e'' , 2e''  and 3e'' .  Among these three basis 
vectors, 1e''  and 2e''  are tabulated in Table 3.1. Finally, 1 2 3x x x   is an orthonormal, right 
hand coordinate frame attached to the simulation box frame and employed in MS simulations. 
The unit basis vectors of  1 2 3x x x   frame, 1e' , 2e' , 3e' ; are set parallel to [1 2  1]
 
, [1 0 1]  and 
  [1 1 1]

 directions in DO3 crystal frame.  
             Loading Direction                                    1''e                                      2''e  
  [0 0 1]                                                   1 2 [1 1 0]

                           [0 0 1]  
         [1 5 11]                                               1 122 [11 0 1 ]

                  1 147 [1 5 11]  
        [0 11]                                                      [1 0 0]

                              1 2 [0 11]  
         [20 31 36]                                             1 106 [9 0 5]

                1 2657 [20 31 36]  
     [19  30 48]

                                            1 89 [0 8 5]

           1 3565  [19  30 48]

 
      [1 2 10]

                                               1 5 [2 1 0]                   1 105  [1 2 10]

 
       [3 6 31]                                            1 5  [2  1 0]

                 1 1000  [3 6 31]  
 
 
Table 3.1 The unit basis vectors 
1''e  and 2''e  corresponding to   [0 0 1] ,   [1 5 11] ,   [0 11] ,    [20 31 36] , 
[19  30 48]

,  [1 2 10]

, [3 6 31]   samples are tabulated with respect to the DO3 crystal coordinate 
frame. Note that the third basis vector 3''e  is equal to the cross-product of 1''e  and 2''e  vectors. 
 





1 2 3X X X   and 1 2 3x x x   frames are illustrated with the DO3 crystallographic 
frame. 
1 2 3X X X   frame attached on the experimented sample is oriented such that 2X  coincides 
with the line of action of the uniaxial loading (parallel to   [p q r] direction in DO3 crystal frame)  
and 
3X  is parallel to the normal of the surface on which the deformation is tracked by DIC. 
1 2 3x x x   frame is oriented such that 2x and 3x  are set parallel to the directions   [1 0 1]  and 
  [1 11]

, denoted in DO3 crystal frame. The coordinates with respect to 1 2 3x x x   frame are 
determined by transforming the coordinates in 
1 2 3X X X   frame by the transformation matrix:
 Q  and from the coordinates in DO3 crystal frame by the transformation matrix  R . 
  As a notation convention, ith component of any vector T will be denoted as iT , iT '  and 
iT ''   with respect to DO3 crystal, 1 2 3x x x   and 1 2 3X X X   frames. Similar nomenclature will 
also be followed for the matrices and the tensors of any degree. Unless explicitly addressed, the 
subscripted indices will get the set of values 1, 2 and 3 and 1,2 for the Latin and Greek letters 
respectively.  We shall use Einstein summation convention over the repeating indices.  
                The external stress tensor, σ , corresponding to the uniaxial tensile load of magnitude 
  parallel to 










  (52) 
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The components of σ  tensor, kl''  in 1 2 3X X X   frame, are transformed to 1 2 3x x x   frame by 
the second order tensor transformation rule of     
T
Q Qik ljij kl' ''   where  Q  is the coordinate 
transformation matrix from 1 2 3X X X   to 1 2 3x x x   frame and the superscript  
T
indicates 
the transpose of the given matrix expression.  Q  is written as:   
  
1 1 1 2 1 3
2 1 2 2 2 3
3 1 3 2 3 3
e' e'' e' e'' e' e''
Q e' e'' e' e'' e' e''
e' e'' e' e'' e' e''
   
 
   
 
    
  (53) 
where ( )  represents the vector dot product operator.      
         The second order external/applied stress, σ , and strain, ε , tensors are related by the 
fourth order elastic stiffness, C , and the compliance, S ,  tensors with their pertinent symmetry 
properties [121]. In DO3 crystal frame, the relations between σ  and ε  are written as in Eq.(54) 
and Eq.(55):  
 
ij ijkl klC     (54) 
 
ij ijkl klS     (55) 
   The components of C  tensor are reported in reference [99] with respect to DO3 crystal 
frame as: 1111 165C   GPa, 1122 125C   GPa, 1212 142C   GPa. Given the components of C  
tensor, the components of S  are evaluated utilizing the Voigt Notation in which C  tensor is 
represented as a 6x6 symmetric matrix,  C . In this notation, the following replacements are 
made on the indices: 11 1 , 22 2 , 33 3 , 23 4 , 13 5  and 12 6  (e.g.  1222C =  62C ).  
The inverse of  C  is equal to  S  as follows: 
    S C
1
   (56) 
where  
1
 is the matrix inverse operator. The components of the symmetric matrix  S  are 








S for m and n 3
 2S  for m or n 3




S    
S
S
  (57) 
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Following the transformation rules for a fourth order tensor, the components of C  and S  tensors 
with respect to 1 2 3x x x   frame are evaluated as follows:  
        ip jq kr lsijkl pqrsC' C R R R R   (58) 
        ip jq kr lsijkl pqrsS' S R R R R   (59) 
 where  R  is the transformation matrix from the DO3 crystal frame to 1 2 3x x x  frame and 
written as : 
  
1 1 1 2 1 3
2 1 2 2 2 3
3 1 3 2 3 3
' ' '
R ' ' '
' ' '
   
 
   
 
    
e e e e e e
e e e e e e
e e e e e e
  (60) 
     The core structure of the leading superpartial in   [1 5 11] ,   [20 31 36]  and   [0 0 1]  
compression samples were calculated by employing MS simulations as explained in the previous 
sections. To that end, the four superpartials were inserted inside the pristine crystal by 
introducing the displacement fields of these straight dislocations, each with strength b= b  =
   1/ 4 [1 11]

, on all of the atoms inside the simulation box. Our main goal in this section is to 
summarize the solution methodology we implemented in evaluating these displacement fields 
based on the anisotropic elasticity methods [58, 107, 108]. Throughout this section, the 
formulations will be given with respect to the local coordinate frame attached to the simulation 
box with 1 2 3x x x   axes parallel to   [1 2 1]

,   [1 0 1]  and   [1 11]

 respectively. The italic 
variables x , y  and z represent the coordinates along 1x , 2x  and 3x  axes respectively. The partial 
differentiation of any expression with respect to ix , i.e. i() x  , will be shown as  ,i . 
 In linear elasticity, the components of stress tensor σ  can be related to strain tensor ε  based on 
the expression in Eq.(61) 
 ij ijkl kl' C' '     (61) 
where the strain tensor components , 
kl' ,  are related to the partial derivatives of the 
displacement field components ku'  and lu'  by : 




     (62) 
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On the other hand the stress components ij'  satisfy the equilibrium conditions as follows: 
 ij,j' 0    (63) 
Plugging the expressions in Eq.(61) and Eq.(62) into Eq.(63) and considering 
3,3 0i  , indicate 
that the general solution for the displacement components 'u k  can be written as: 
  k ku' A p x yf   (64) 
where f  is an analytic complex function and the components of the displacement vector 'u  are 
independent of 3x  coordinate (e.g. u 3' x 0   ). The components of the constant coefficient vector, 
A ,  satisfy:   
  2
i1k1 i1k2 i2k1 i2k2 kC' pC' pC' p C' A 0      (65) 
The set of linear equations in Eq.(65) have a non-zero solution for the vector A  if and only if the 
determinant of the matrix expression in parentheses is zero. This condition is given in Eq.(66).  
 
2
i1k1 i1k2 i2k1 i2k2det C' pC' pC' p C' 0      (66) 
             The roots of the sextic expression in Eq.(66) have been shown to be imaginary by 
Eshelby et al. [107].  As the coefficients of the sextic expression in Eq.(66) are real, the six 
complex roots must occur in pairs of complex conjugates. Following the fact that the 
displacement components must be real, it is sufficient to consider only one of each complex 
conjugate root pairs 
np  (n 1,2,3)  since the complex parts are necessarily cancelled. Note that 
the repeated index summation convention is not implemented on n. Each 
n
A vector, 
corresponding to np  , is obtained by solving Eq.(65).  
             The general solution for f  takes the following form given in Eq.(67) when the elastic 
distortion field stems from the presence of a dislocation.   indicates that the sign of 
n
D  is taken 
to be same as the imaginary part of 
np . 
      
n
m
n n m n
m
D





    
 
x y x y x yf   (67) 
83 
 
The logarithmic expression of the first term on the right hand side (R.H.S.) of Eq.(67) imposes a 
branch-cut ensuring the multivalued nature of displacements across the glide plane in the right 
half-space for our Burgers’ circuit convention. From a mathematical perspective, all the terms in 
the Laurent series, i.e. the second expression on the R.H.S. of Eq.(67),  are continuous across the 
branch-cut. Thus, each revolution taken around the dislocation line relates the coefficient 
n
D with 
 f , which is the discontinuity in the values of the function f  across the branch-cut. Recalling 
the relation in Eq.(64) between the displacement components and the analytical function f , the 
discontinuities of the displacement components can be written in terms of  the Burgers’ vector 
components as in Eq.(68). Note that the Burgers’ vector of each superpartial, b, is equal to 











   (68) 
     As there is one 
n
D solution for each root 
np  and each 
n
D consists of both real and 
imaginary parts, we need six equations to solve for all 
n
D values. However, there are only three 
linearly independent equations in the set of equations given in Eq.(68).  Thus, the force 
equilibrium conditions are visited for the second set of three equations.Considering the condition 
3,3 3 0i x    in this derivation and the symmetry of stress tensor, Eq.(63)  turns out to be 
, 0  . In the context of the elasticity theory, the total force vector, F, exerted on a two 
dimensional, simply connected material cross-section (normal to 3x  and the dislocation lines of 
the superpartials) enclosed by a closed curve C  is given by the following integral expression: 
 i iF' ' n' d  
C
C    (69) 
where n'  are the components of the unit normal vector, n, to C  on the 1 2x x  plane. Recalling 
for the general form of f  function in Eq.(67) along with the displacement field components in 
Eq.(64) and plugging them into the expressions of Eq.(61) and Eq.(62), gives the stress 








' B A 1
2
    
    
  

x y x y
x y
f f
   (70) 
where     
 
n
ijk ijk1 ijk2 nB C' C' p    (71) 
Evaluating the contour integral in Eq.(69) by utilizing the parametric representation of the 
complex line integral [122], the resultant force components, 





n 1 n 1





     (72) 
As stated earlier, the sets of equations given in Eq.(68) and Eq.(72) were solved together for the 
real and imaginary parts of 
n
D  with the conditions of  ' 0iF   imposed (note that the force fields 
applied by the other partials and APB faults necessarily sum up to zero). Having 
n
D  and A  being 
evaluated for each partial, the related displacement components, 'ku , due to each partial can be 
calculated for each lattice site initially at o o o( , )x y ,z  coordinates in the perfect DO3 lattice by 
Eq.(73) (Note that the solution is independent of oz  coordinate).  
    
3
n n
k o o k o n o
n 1
1
u' Re A D log p
2 1 
 
   
  
x ,y x y   (73) 
The resultant displacement field vector in the unstressed configuration, u
unstress
, is calculated by 
the superposition of  the displacement fields of each individual partial dislocation. After 
determining 
unstress
u  field, the final coordinates of each atomic lattice site ( , , )x y z  are evaluated by  
Eq.(74). Following the operation of this displacement field as an initial condition into the system 
within the framework anisotropic elasticity, the system is relaxed by utilizing the Fe-Al EAM 
potential [112].        
 
unstress unstress unstress
o o o 1 2 3(x,y,z) (x ,y ,z ) (u' ,u' ,u' )    (74) 
          Figure 3.3 illustrates the total displacement field along 
3x  direction in the unstressed 
configuration, 
unstress





3u'  field increases as furthering away from the partial dislocations, though the 
gradient increases in the close neighborhood of them. This localization trend near the dislocation 
centers indicates that instead of 
unstress
3u'  field itself, the spatial gradient field of it is a better 
measure to visualize the core structures both in unstressed and stressed states. In that regard, 
even though it is not an immediate substitute for the gradient field, the use of relative 
displacements between the neighboring atoms near the dislocation center, as in DDMT, proves 
itself advantageous for analyzing the partial core structures.   
 
Figure 3.3 The superimposed 
unstress
3u'  displacement fields of the four superpartial dislocations in 
the unstressed configuration. The displacements are normalized by the total Burger’s vector, 
 4 3 0 0 1b   ,  in 
1 2 3x x x   frame. 
           The applied shear stress components, 
GS  and NGS  are simulated by imposing the 
corresponding homogeneous strain fields within the framework of anisotropic elasticity. 
For the [p q r] compression sample where [p q r] is one of the crystallographic directions: 
  [1 5 11] ,   [0 0 1]  or   [20 31 36] ; the independent non-zero shear strains can be written as:    
 
[p q r ] [p q r ] [p q r ]
23 2321 21 2323 23' 2S' ' 2S' '       (75) 
 
[p q r ] [p q r ] [p q r ]




[p q r ]
23'  and 
[p q r ]
21'  are the GS  and NGS  components respectively in 1 2 3x x x   frame.  
In the expressions Eq.(75) and Eq.(76), the components 
2121'S , 2321'S  and 2323'S  are  equal to 
+2.13 x10-2 GPa-1  , -2.02 x10-2 GPa-1 , +3.57x10-2 GPa-1  respectively.  
     Based on the expression Eq.(62) relating the strain field and the displacement field 
components, the components of the additional elastic displacement field, u
elastic
'  , created due to 
the applied loading on the simulation box are as follows: 
 
elastic [p q r ]
1 21u ' (x,y,z) 2x '    (77) 
 
elastic
2u ' (x,y,z) 0   (78) 
 
elastic [p q r ]
3 23u ' ( ) 2 ' x,y,z y   (79) 
The total displacement field, 
total
'u , under the applied loading with respect to the initial perfect 
DO3 configuration is then given as:  
 u u' u'
total unstress elastic
' = +   (80) 
Imposing the total displacement field u
total
' , the system is relaxed. This procedure is followed 
repeatedly until the center of the leading partial starts to translate 
3.2.4 Efficacy of the Fe-Al potential - the GSFE surface 
   In order to accomplish (i) above, the minima of the GSFE curves calculated from the 
MS simulations under pure shearing were compared with the first principles DFT calculations 
[99]. In these MS simulations, the same size of the simulation box and the boundary conditions 
were utilized as in the MD simulations. To that end, the upper half of a bulk, pristine crystal was 
displaced by a fault vector of t 111    , where 0 1   , along a chosen glide plane (either 
  {11 0}  or   {11 2} ) with respect to the lower one. Following each displacement increment 
parallel to t , the simulation box is allowed to relax ensuring that the maximum force magnitude 
on each atom is lower than 0.015 eV/Angstroms. Calculating the total bulk potential energy of 
the sheared crystal, E , and the total bulk perfect lattice energy, 
perfect
E , at each   value visited, 
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    (81) 
            The resulting GSFE curves are plotted in Figure 3.4 and Figure 3.5 in comparison with 
the reported curves generated by ab initio DFT calculations in [99]. In addition to these curves 
plotted, the resulting NNAPB and NNNAPB fault energy values, 
NNAPB
  and 
NNNAPB
  attained 
from these curves are also tabulated in Table 3.2. It is worth emphasizing that even though there 
are inevitable differences between the tabulated values of 
NNAPB
  and 
NNNAPB
  for ab-initio DFT 
and MS simulations owing to the sui generis physical and mathematical instruments underlying 
these two approaches, the resulting curves present very good agreement and the relative 
differences of 
NNAPB
  and 
NNNAPB
  values from both approaches do not exceed 15%. Thus, the 
resulting values are accepted to justify the use of the potential for our MD and MS simulations in 
this study promising an accurate assessment of the core effects given below.  
 
Figure 3.4 The   curves generated by the MS simulations along the corresponding slip systems 
are plotted using dashed curves. The DFT calculations reported in reference [99] are also 




Figure 3.5  The variation of GSFE curves along      (1 0 1) [1 11]

 glide system under different 
applied loading conditions are plotted. The   curves calculated under the uniaxial tensile and 
compressive loading for   [1 5 11]  sample are compared with the curve generated by the pure 
shear. As can be seen the resulting curves show slight variations owing to the effect of stress 
components acting. The energy barrier against the glide motion is calculated to be highest under 
the compressive loading and lowest under the tensile loading. The signs of shear stress 
components acting on the glide plane are surmised to be effective on the dislocation core 
resulting in this fault energy difference.     
                                 (1 1 2) [1 1 1]
   
                       (1 1 2) [111]

                          (1 0 1) [1 11]

   
                           DFT            MS                 DFT            MS                   DFT               MS 
 
NNAPB
             273             260                241              253                   249               239 
NNNAPB






  values obtained by DFT calculations and MS simulations are 
tabulated. All the values are given in mJ/m2.
 3.2.5   Study of the core structure 
     After establishing the efficiency of the potential used with the earlier DFT calculations,  
the displacement fields in the core region of the leading superpartials for the   [20 31 36] ,  [1 5 11]  
and [0 0 1]  compression samples were investigated by a simulation box delineated as a  
rectangular parallelpiped which is  bounded by the planes (1 2  1)
 





simulation box has a size of  900 x 300 Angstroms with a thickness of only 3 atomic layers along 
[1 1 1]

  direction. A local right hand coordinate frame 1 2 3x x x   is attached to the system such 
that 1x  and 2x  axes are parallel to [1 2  1]
 
 and [1 0 1]  crystallographic directions in DO3 lattice. A 
superdislocation dissociated into four 1/4 [1 1 1]

 superpartials with screw character is inserted 
inside the simulation box. The initial atomic positions were imposed based on the numerical 
solution of the displacement field in an elastic-anisotropic medium corresponding to four straight 
partial dislocations each with strength 1/4 [1 1 1]

. To establish the dislocation displacement fields 
associated with the superpartials, we used the Stroh-Eshelby formalism [58, 107, 108]. The 
initial seperation distances of these superpartials were taken as 20 nm, i.e. 1 3d  &  d , for NNAPB 
and 30 nm, i.e. 
2d , for NNNAPB faults based on an iterative try-out procedure regarding the 
reported values in the literature [99, 123]. Given the initial positions of the atoms in DO3 
structure, the atoms on the (1 2  1)

 and (1 0 1)  boundary planes are fixed in their intial 
configuration and the rest of the atoms inside the box are relaxed ensuring maximum force on 
each atom is lower than 0.015 eV/Angstroms. To make the partial dislocations effectively 
infinite, the periodic boundary conditions are applied to the (1 1 1)

 planes.    
     In order to analyze the leading partial cores in the   [1 5 11] ,   [0 0 1]  and   [20 31 36]  
compression samples at the instant of glide motion initiation by the designated simulation box, 
the uniaxial stress states in the experimented coordinate frame 
1 2 3X X X   are to be transformed 
into 1 2 3x x x   frame. The corresponding stress tensors , i.e. 
[1 5 11]  
σ , 
[20 31 36]  




,  are 
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  MPa (84) 
where  ,  and   are the proportional loading coefficients which take positive values for the 
compressive loading. These stress states in Eq.(82) to Eq.(84) are applied on the simulation box 
by imposing the corresponding homogeneous strains, ε , on the simulation box within the context 
of anisotropic linear elasticity in 1 2 3x x x   frame as in Eq.(85): 
 ij ijkl kl' S' '     (85) 
where ijklS'  are the components of the fourth order elastic compliance tensor, S . The calculations 
indicate that only 
GS  components, i.e. 
[0 0 1]
23' ,   
  [20 31 36]
23' , 
   [ 1 5 11 ]
23' , and NGS  components, 
i.e. 
[0 0 1]
21' ,  
  [20 31 36]
21' , 
   [ 1 5 11 ]
21' , acting on the active glide plane prevail upon the behavior of the 
leading partial core structures even though the other stress tensor components have a finite 
magnitude. Thus, the focus will be given on 
GS  and NGS  components acting on (1 0 1)  slip 
plane (      (1 0 1) [1 11]

 system is observed to be activated for these three orientations under 
compression loading in MD simulations). The loading was built up by increasing the 
coefficients, i.e.  ,   and  , incrementally beginning from zero. Following each increment, 
the simulation box was relaxed. For each scenario studied, either the [1 5 11]  ,   [20 31 36]  or 
[0 0 1]   compression samples, the coefficients were increased until the leading partial started to 
move.   
        As can be seen in the expressions Eq.(82) to Eq.(84), the [0 0 1]  and   [20 31 36]
compression samples have non-zero 
NGS  components acting on (1 0 1)  slip plane, i.e. 
[0 0 1]
21' 0   and 
  [20 31 36]
21' 0  , unlike the [1 5 11]  sample in which 
[1 5 11]
21' = 0. It is worth 
emphasizing that the compression samples of   [0 0 1]  and   [20 31 36]  are particularly convenient 
to study the interplay between 
NGS  components and CRSS values for two reasons. Firstly, the 
absolute values of the ratios of 
NGS  to GS  components are very close for both of the 
  [20 31 36]  and [0 0 1]  compression samples, i.e. 
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        [20 31 36] [20 31 36] [0 0 1] [0 0 1]
21 23 21 23' ' ' / ' 0.70      . This ratio of 0.70 is considered to be 
substantial and its effects on CRSS will provide insight. Secondly, 
NGS components are of 
different signs with respect to 
GS  components in these two samples. This sign difference 
enables us to understand the response of the core structure to the sense of 
NGS  components. For 
these reasons, the core structures of the leading partials in these three samples were calculated by 
MS simulations and visualized by the differential displacement map technique (DDMT) [109] in 
Fig.7 where the [1 1 1]

 components of the relative displacements of the neighboring atoms are 
projected on the paper by the arrows drawn between the atoms with their lengths proportional to 
their magnitudes. The arrows are normalized such that an arrow touching the two neighboring 
atoms represents a relative displacement of |1/ 12 [1 11]   

| magnitude. Note that in case of the 
greater relative displacements, an integer multiple of  |1/ 12 [1 11]   

| is substracted from the 
corresponding displacement. This is required for the displacements between the atoms across the 
APB faults.  
       Figure 3.9 shows the calculated leading partial core structures under the absence and 
presence of 
NGS  and GS  components. In the absence of any applied loading, Figure 3.9 (a), 
the relative displacements are calculated to extend over the three   {11 0} planes in the zone of the 
dislocation line,   [1 1 1]

, similar to the bcc metals [87]. The applied 
GS component, spreads the 
core displacements on the fourth sector among the six 3  sectors formed by the   {11 0} planes 
(the first 3  sector is bounded by   (1 0 1)  and    (11 0)  planes and extends towards the right of the 
figure-the other sectors follow in counterclockwise sense), as can be seen in Figure 3.9 (c). The 
superimposition of a 
NGS component in the opposite sense of the Peach-Koehler force exerted 
by the 
GS  component, promotes this spreading further, as seen in Figure 3.9 (b) and decreases 
the calculated CRSS magnitude. Reversing the sign of 
NGS component as in Figure 3.9 (d), 
extends core spreading on the third sector in   [1 1 1]

 zone and increases the 
GS  value at the 
instant of glide initiation in compliance with the experimental CRSS measurements. This 
evidence indicates that there is a correlation between the core shapes and CRSS values to be 
further interrogated.  
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3.3 Results & Discussion 
3.3.1 Experimental  Results  
     The uniaxial stress,  , vs strain,  , curves obtained from tensile experiments are 
reported in Figure 3.6. The DIC contour plots, captured at the instant of slip initiation, are 
reported in the insets labeled as A, B and C for the crystallographic loading axes of [0 0 1] , 
[1 5 11]  and [0 1 1]  respectively. The activated slip systems are included in Table 3.3. The results 
indicate that the [0 0 1] sample fails due to cleavage just after the slip activities were detected. 
However, [1 5 11]  and [0 1 1]  orientations show uniaxial strains over 4% and 2% respectively. 
During unloading, these orientations also exhibit superelasticity.  
 
 
Figure 3.6 The uniaxial tensile stress vs strain curves of DO3-Fe3Al samples oriented along the 
three different crystallographic loading directions. The DIC images show the nucleation of slip at 





                                                [0 0 1]                        [1 5 11]                      [0 1 1] 
Tension                              (1 1 2) [1 1 1]
 
                  (1 0 1) [1 1 1]

             (2  1 1) [1 1 1]

 
Compression                       (1 0 1) [1 1 1]

                (1 0 1) [1 1 1]





Table 3.3  Active slip systems are tabulated for both tension and compression. 
 
The     curves of compressive loading experiments are shown in Figure 3.7. Under 
compressive loading, [0 0 1] orientation has the highest CRSS of 291 2  MPa. The [1 5 11]  and 
[0 1 1]  compression samples exhibit superelasticity upon unloading similar to the tensile 
loading. Unlike the other two orientations, the activated glide plane does not coincide with the 
MRSSP for the [0 0 1]  compression sample. Though (1 1 2) [1 1 1]
 
 system is favored in 
Schmid Factor analyses, the observed slip traces indicate that the activated system is 
(1 0 1) [1 1 1]

. This phenomenon is a slip anomaly as Schmid Law asserts the coincidence of the 
active glide plane and the MRSSP [81]. This slip anomaly stems from the fact that the faults in 
the core region of the partials split along the   {11 0}  family planes and transform under the 
corresponding applied stress in such a way that partials prefer gliding along   {11 0}  planes 
instead of gliding along the antitwinning direction on   {11 2} . The lower energy barrier value for 
the leading partials, 
us
 ,  on   {11 0}  planes also eases this glide plane preference of the partials as 
reflected on the   curves in Figure 3.4 and 3.5. The observed slip behavior indicates that applied 
stress tensor components play a very significant role on the nature of the sessile to glissile 
transformation of the dislocation core structure. We will address this point later as we visualize 





Figure 3.7 The uniaxial compression stress vs strain curves of DO3-Fe3Al samples oriented 
along the three different crystallographic loading directions. The DIC images show the 
nucleation of slip at locations A, B and C on the curves.   
As [0 1 1]   and [0 0 1]  tensile loading orientations favor slip along anti-twinning and 
twinning directions in the absence of a 
NGS  component on   (2 1 1)

  and   (1 1 2)

 planes 
respectively, the differential of CRSS magnitudes in these two orientations gives the quantitative 
measure of TA slip asymmetry along     {11 2} 111   systems. This asymmetry corresponds to 
46 3  MPa. For [1 5 11]  orientation, CRSS values are equal in tension and compression within 
the experimental error margin. Thus, there is no CRSS magnitude differential between tension 
and compression for this orientation and Schmid Law holds in the absence of 
NGS  components 
on (1 0 1)  glide plane. As the presence of 
NGS  components are known to induce deviations from 
Schmid Law for pure bcc metals [124], a similar tendency is also expected for DO3 structured 
alloys. In compliance with this tendency, the [0 0 1]  compression sample constitutes an example 
of non-Schmid behavior. The CRSS differential between the [0 0 1]  and [1 5 11]  compression 
samples is measured to be 56 2  MPa even though (1 0 1) [1 1 1]

 system is activated for both 
95 
 
orientations. In this case, 
NGS  components are substantial to induce significant changes in the 
transformation path of core structure from sessile to glissile configuration. Thus, the CRSS 
differential between the [0 0 1]  and [1 5 11]  compression samples indicates that the 
NGS  
components are as important as the TA slip asymmetry on the anisotropic glide resistance of 
DO3-Fe3Al. Though MS simulations were utilized to understand the underlying mechanism of 
this CRSS differential as will be presented later in the text, even these experimental 
measurements reveal that 
NGS  components affect the shearing directions between the atoms in 
the partial core zones. As a consequence of this 
NGS  effect, the change of the core structure in 
the   [0 0 1]  compression sample is likely to be reflected as a CRSS increase compared to the 
[1 5 11]  sample.   
3.3.2 Theoretical Results  
               The theoretical CRSS values on the glide plane evaluated from the modified P-N 
analyses are shown in Figure 3.8. As can be seen, the theoretical CRSS values are in close 
agreement with the experimental measurements. For comparison purposes, the CRSS values 
from the uniaxial compression experiments reported in [103] are also included in Figure 3.8 with 
the theoretical values evaluated by the modified P-N formalism at the pertinent  values. It is 
noted that the results added from the literature are more difficult to establish precisely at the 
onset of slip because conventional displacement measurements at macroscale as opposed to at 




Figure 3.8  CRSS values measured in the experiments and evaluated from the modified P-N 
formalism are shown. The CRSS values attained from the uniaxial compression experiments 
reported in [103]  are also included for comparison.  
               The question of the relationship between the core structures and the 
NGS  components 
naturally arises as CRSS values differ significantly even at the same observed glide system for 
the [1 5 11] ,  [0 0 1]  and   [20 31 36]  compression samples. To that end, MS simulations are 
conducted for these samples to further analyze the relative displacements at the leading partial 
core zones. In that regard, the core structure of the leading partial in the unstressed crystallite is 
shown in Fig.7 (a). It is seen that the largest displacement differentials are confined on   (1 0 1) , 
  (11 0)  and   (0 1 1)

 planes introducing three fractional dislocations on   {11 0}  family planes. 
Following references [125, 126], it is to be noted that the fractional dislocations are separated by 
the generalized stacking faults that have non-constant fault vectors along their width, unlike the 
partial dislocations which are separated by a stable stacking fault ribbon with a well-defined fault 
vector which is imposed by the local minima on the GSFE curve. Though the core structure has 
threefold rotation symmetry around   [1 1 1]

 screw axis (triad symmetry), it is not invariant under 
110   diad symmetry operation which is composed of the consecutive reflections in the   (1 1 1)

 
and   (1 2 1)
 
 planes respectively [127]. Due to the lack of the 110   diad symmetry, there exist 
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two energetically equivalent, i.e. degenerate, core configurations. These degenerate 
configurations are related to each other by the 110   diad symmetry operation. The existence of 
the degenerate core configurations for the    1/ 4 [1 11]

 leading partial core in DO3 structure 
exhibits similarity with the 1/ 2 111   dislocation core structure in pure bcc metals evaluated 
utilizing central-force interatomic potentials [87, 109, 128]. At this point, it is worth emphasizing 
that the unstressed core structures are dependent on the nature of the interatomic forces 
considered as the core structure calculations in pure bcc metals based on the tight binding Bond-
Order Potentials [127, 129], ab-initio DFT [130, 131] and many body EAM potentials [132-134] 
indicate that the differential displacements are evenly split on {1 1 0}  planes conserving both 
triad and diad symmetries.  
 
Figure 3.9 (a) to (d): The relative displacements among the atoms on the three adjacent (1 11)  

 
planes in the core regions of the leading 1/ 4 [1 11]

    superpartials are shown. Only the relative 
displacements parallel to [1 11]  

 are considered. The arrows are normalized so that an arrow 
touching both atoms is of magnitude: 1/ 12 [1 11]   

. The differential displacements greater than 
1/ 24 [1 11]   

are emphasized by red coloring. The atoms located on the same (1 11)  

 plane are 
colored the same. The black triangle indicates the intial position of the dislocation line which is 
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located at the geometric center of the triangle surrounded by three [1 11]  

 atom rows. (a) shows  
the unstressed core configuration  which is composed of three fractionals splitting on three   {11 0}  
family planes in   [1 11]

 zone. This core structure is not invariant under 110   diad symmetry 
operation though it exhibits threefold screw rotation symmetry. The configuration in (b) shows 
the core structure for the   [20 31 36]compression sample just before glide motion. Under the 
combined effects of the 
GS  and NGS  components, the displacements are concentrated on   (1 0 1)  
and   (11 0)  planes in a zig-zag fashion. This core structure corresponds to the lowest CRSS value 
among the three configurations under applied shear stresses in this figure. The core structure in 
(c) corresponds to the   [1 5 11]  compression sample which is not subject to a NGS component on 
  (1 0 1)  glide plane. In this configuration the displacements are concentrated along   (1 0 1)  and 
  (11 0)  planes similar to the   [20 31 36]  compression sample but to a smaller extent. (d) shows the 
core structure in the   [0 0 1]  compression sample just before gliding under the effect of both GS  
and 
NGS  components. The relative displacements of the neighbouring atoms are concentrated on 
  (1 0 1)  and   (0 1 1)

 planes. This core structure corresponds to the highest CRSS magnitude. The 
shearing of {1 1 2}  planes along the antitwinning direction and the elastic coupling between NGS  
and GS strain are decisive on the higher glide resistance calculated in the   [0 0 1]  compression 
sample.    
            The core structure of the leading superpartial dislocation in the   [20 31 36]  compression 
sample is shown in Figure 3.9 (b) just before the glide motion as   coefficient in  Eq.(84) 
attains a value of 920 MPa. It is worth emphasizing that the stress components extracted directly 
from the MS simulations are higher compared to CRSS values evaluated within the framework 
of the modified P-N model and the experimental measurements. This trend stems from the fact 
that the MS simulations do not encompass the temperature effects unlike the MD simulations 
employing Nose Hoover  thermostat algorithm and the room temperature experimental 
measurements. As can be seen in Eq.(84), this sample is subjected to both 
GS  and NGS  
components along   [1 1 1]

 and   [1 2 1]
 
 respectively. For this sample, unlike the unstressed 
configuration, the trailing fractionals on   (11 0)  and    (0 1 1)

 contract and the leading fractional 
extends over the   (1 0 1)  planes in a zig-zag fashion forming a 4-layered   (2 11)  fault. This fault 
shears the   {11 2} planes along the twinning direction. Further increase of   causes the center of 
the leading partial translate a distance of    1/ 6 [1 2 1]

 in   (1 0 1)  plane. 
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           The   [1 5 11]  compression sample is subjected only to a 
GS  component along   [1 1 1]

 and 
the core structure just before glide motion, as   coefficient in Eq.(82)  attains a value of 1080 
MPa, can be seen in Figure 3.9 (c). The applied 
GS  component causes the leading fractional 
extend in a zig zag fashion along   {11 0}  family planes and form a 3-layered   (2 11)  fault which 
shears the   {11 2} planes along the twinning direction, similar to the   [20 31 36]  sample. 
Consequently, the relative displacements are concentrated on   (1 0 1)  and   (11 0)  planes. The 
absence of a 
NGS  component along   [1 2 1]
 
, unlike the   [20 31 36]  compression sample, increases 
the critical 
GS  magnitude required to translate the dislocation center (
[20 31 36]
23' 368   MPa 
and 
[1 5 11]
23' 540MPa  ). This behavior complies with the qualitative trend observed in the 
CRSS values predicted by the modified P-N formalism. Further increase of   induces a 
translation of the dislocation center by    1/ 6 [1 2 1]

.  
               The [0 0 1]  compression sample is subjected to both a 
GS  component along [1 1 1]

and a 
NGS  component along [1 2 1]

, in opposite sense with 
[20 31 36]
21' . The core structure of the 
leading partial in this sample just before glide motion, as   coefficient in Eq.(83) attains a value 
of 1430 MPa, can be seen in Figure 3.9 (d). The relative displacements are concentrated on   (1 0 1)  
and   (0 1 1)

 planes in a zigzag fashion producing a 4-layered   (1 1 2)

 fault. The presence of a 
NGS  component favoring the formation of faults shearing {1 1 2}  planes along the antitwinning 
direction is reflected on the magnitude of the critical 
GS  magnitude, i.e. 
[0 0 1]
23' 710  MPa.     
              The shearing of   {11 2}  planes along anti-twinning/twinning directions in response to 
the core displacement extensions on   {11 0}  planes is the predominant mechanism prevailing on 
the CRSS magnitudes. In addition to non-planar core transformation mechanisms, anisotropic 
NGS  and GS strain coupling also contributes to CRSS values. Within the framework of the 
elastic anisotropy, the applied homogeneous GS strains, i.e. 
  [20 31 36]
23'  and 
  [0 0 1]
23' , for the   [0 0 1]  
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and   [20 31 36]  compression samples are dependent on both 
GS , i.e.  
  [20 31 36]
23'  and 
  [0 0 1]
23' , 
and 
NGS , i.e. 
  [20 31 36]
21'  and 
  [0 0 1]
21' ,  components as in expressed in Eq.(86) and Eq.(87):  
 
      [20 31 36] [20 31 36] [20 31 36]
23 2321 21 2323 23' 2S' ' 2S' '       (86) 
 
      [0 0 1] [0 0 1] [0 0 1]
23 2321 21 2323 23' 2S' ' 2S' '       (87) 
where 2321S'  and 2323S'  are equal to -2.02 x10
-2 GPa-1 and +3.57x10-2 GPa-1  respectively. In DO3-
Fe3Al, though the component 2323S'  is positive, the elastic anisotropic shear coupling component 
2321S' , relating the NGS component and GS strain, is negative. To a first order approximation, the 
applied homogeneous GS strain inside the simulation box just before the glide motion can be 
related to the critical resultant glide shearing displacement on   (1 0 1)  glide plane 
' CRSS
3u , composed 
of 
' GS
3u  and 
' NGS
3u , as illustrated in Figure 3.10 for the   [0 0 1]  and   [20 31 36]  compression 
samples. As the applied strain tensor components, 
  [0 0 1]
23'  and 
  [20 31 36]
23'  are constant inside the 
designated simulation box of prismatic shape, the displacements can be evaluated by integration 
with respect to 
2x  coordinate (
' CRSS ' total
3 3u b u (0,0)  +Higher Order Terms   
' total
3u (0,0) ). The 
negative value of 2321S'  causes the shearing displacement 
' NGS
3u  to have an opposite sense with 
respect to 
' GS
3u  in the   [0 0 1]  compression sample. Thus, to create an atomistic disregistry of one 
Burgers’ vector magnitude, b, in accordance with P-N model [108]; 
' GS
3u  is to be greater than b 
because of the opposing effect of 
' NGS
3u  (
' GS ' NGS
3 3u u b  ). The requirement for the greater 
magnitude of 
' GS
3u , contributes to the higher CRSS magnitude in the   [0 0 1]  compression sample 
compared to the other orientations. The same mechanism can also lower the CRSS magnitude if 
the sense of 
NGS  component acting is reversed and 
' NGS
3u  and 
' GS
3u  have the same sign. This is 
exemplified in the lower CRSS value evaluated for the   [20 31 36]  compression sample. The 
intermediate CRSS magnitude for   [1 5 11]  compression sample in which 
NGS  component is 
absent, also complies with this conjecture. This GS strain and 
NGS  component interaction 
prevailing upon the CRSS magnitudes has been proposed previously for bcc and B2 ordered 
alloys [88, 135, 136] though it has been observed for the first time in a DO3 ordered alloy within 
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the framework of the experimental measurements and atomistic scale calculations presented in 
this work.  
 
Figure 3.10 The shearing displacements, ' NGS
3u  and 
' GS
3u ,  on   (1 0 1)  glide plane due to NGS  and 
GS  components respectively are illustrated for the   [20 31 36]  and   [0 0 1]   compression samples. 
These shearing displacements sharing the opposite/same sign increases/lowers the CRSS 
magnitude required to introduce a disregistry of b magnitude which is equal to ' CRSS
3u .     
3.3.3 Comparison of Results with Other bcc Materials and B2 and DO3 Ordered Alloys
The quantitative extent of the 
NGS  component effect and the TA slip asymmetry in pure 
bcc metals and bcc-based ordered alloys show large variations depending on the electronic 
configuration, temperature, order and composition characteristics of the materials [81]. To that 
end, the experimental CRSS values on the active glide system of some bcc and bcc- based 
ordered alloys are tabulated in Table 3.4 with the measurements on DO3-Fe3Al from this study 
included. As can be seen from the data tabulated at room temperature, the magnitude of the non-
Schmid effects are material dependent. Among the pure bcc metals, the measured CRSS values 
for  -Fe and Ta are observed to obey Schmid Law although significant differences are observed 
for W and Mo. These deviations from the Schmid Law observed in W and Mo are common for 
Group VIB transition materials in Periodic Table [85] and are associated with the asymmetric 
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GSFE cross section and the tendency of the edge character-fractional formation inside the 
dislocation core interacting with NGS  components. The d-orbital anisotropy observed in 
transition metals has been proposed to be the reason behind this behavior [137].  
  Among the B2 and DO3 structured alloys studied with active glide systems of either 
     {11 0} 111   or      {11 2} 111  ; B2-FeAl  [138], DO3-Fe3Al0.8Si0.2 [106], DO3-Fe3Al (this 
study) show the largest deviations from the Schmid behavior, as tabulated in Table 10. Though a 
solid explanation for the different discrepancies measured among these alloys is difficult as their 
CRSS values are reported by the different research groups and the mechanical properties of these 
ordered alloys are highly sensitive in ordering/heat treatment and local chemical effects, the 
extensive non-Schmid behavior in these iron aluminides can be attributed to the elastic 
anisotropic coupling and charge transfer mechanisms accompanying p-d orbital hybridization 
effects between Al and Fe in B2-FeAl [135] as also seen in DO3-Fe3Al and DO3-Fe3Al0.8Si0.2  
[139, 140]. The orbital hybridization stems from the overlap of d orbital electrons in Fe with p 
orbital valence electrons in Al and attributes directionality and strength on the bonds between Fe 
and Al. This bond structure between Fe and Al is not observed in B2-  CuZn or B2-  brass 
alloys in which metallic bonding is dominant.  
                                                                Compression                                  Tension                                                                                                                                                       
 
o30    
o30    
o30    
o30    
W (293 K)  [141] 110 MPa 95 MPa 132 MPa  
Ta  (293 K) [142] 70.5 MPa 70.5 MPa 47 MPa 47 MPa 
Mo (293 K) [143] 54.5 MPa 31 MPa 101.5 MPa 37 MPa 
Nb (293 K) [143] 24.5 MPa 20 MPa 17 MPa 22 MPa 
 -Fe (298 K) [144] 14.5 MPa 14.5 MPa   
B2-FeAl (300 K)  [138]   320 MPa 360 MPa 
B2-  CuZn [145]   23 MPa 25 MPa 
B2-  Brass (297 K) [146] 45 MPa 45 MPa   
DO3-Fe3Al0.8Si0.2 (293K) [106] 430 MPa 325 MPa   
DO3-Fe3Al (This Study, 293K) 251 MPa 203 MPa 210 MPa 292 MPa 
 
Table 3.4 CRSS values measured on the active glide systems of      {11 0} 111   or     {11 2} 111   
are tabulated with 
o
30    under tension and compression based on the data available in the 




     It is worth commenting on the temperature depency of the non-Schmid yield behavior. 
The non-Schmid phenomenon is a function of the electronic configuration and the bonding 
character of the transition metals and intermetallics owing to the partially filled d orbitals [147-
149]. As addressed in the recent works of Lim et al. [3] and Patra et al.[150], some of the 
intermetalics and transition elements, such as   CuZn,   Brass, Nb and Ta, are known to exhibit 
strongly anisotropic yield behavior at 77 K [81, 146]. However, at room temperature it has been 
generally assumed that non-Schmid behavior is negligible. Among the  materials shown in Table 
10, the transition elements located in Group VB in the periodic table, i.e. Nb and Ta, are known 
to exhibit small antitwin-twin asymmetry in addition to the weak tendency of interaction with the 
applied non-glide stress components based on their radially symmetric   surface topology [85]. 
Similarly, the charge density maps of   Fe [151],   CuZn and   Brass [152] exhibit weak 
directionality. Therefore, in these materials, the non-Schmid behavior is expected to be rather 
small at room temperature compared to 77K owing to the onset of thermally activated glide 
mechanisms [153-156].  
      On the other hand, in the case of Fe3Al, the d orbital of Fe (3d
6 4s2) overlaps with the p 
orbital of Al (3s2 3p1) and this interaction results in strong and directional p-d hybridization 
effects [140]. Therefore, Fe3Al class of intermetallics (including Fe3Al0.8Si0.2 shown in Table 
3.4) exhibit very strong non-Schmid behavior at 293 K. Dislocation configuration change (from 
uncoupled to coupled partial dislocation behavior) can occur above 373 K [101]  for Fe3Al and 
can limit the non-Schmid effects. However, as stated earlier, the effect is very prevalent in a 
wide temperature range of 77K to 293K (based on our experimental works at 293K and 
additional data at 77K). Similarly, the strong covalent character bonding in Mo (4 d5 5s1), owing 
to the half filled d-orbitals [129, 157], is observed to have a prominent contribution to the non-
Schmid behavior at 293 K. In summary, the results underscore the competing roles of the 
bonding directionality dominating at low temperatures and the thermally activated (kink pair and 
cross-glide) mechanisms operating at elevated temperatures. It would be worthwhile to check 
other intermetallic alloys to assess their propensity for displaying non-Schmid effects at finite 
temperatures in future works.  
     The elastic anisotropy of DO3-Fe3Al, which is also reflected on Zener’s shear elastic 
anisotropy ratio with a value of 7.1 [99], has considerable effects on the MS calculations, 
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especially at the stage of creating a dissociated superdislocation inside the delineated simulation 
box. The implementation of the anisotropic screw dislocation displacement fields as an initial 
condition is of paramount importance for the accurate determination of atomic sites. The 
isotropic screw dislocation displacement fields [108] are observed to be insufficient as both 
elastic properties and APB energies of DO3-Fe3Al are highly anisotropic. In that regard, the use 
of isotropic fields leads to the creation of an additional Burgers’ vector of finite magnitude 
normal to the glide plane as also reported in the literature [97]. In contrast with the simulation 
results benefitting from the isotropic elastic displacements, the Transmission Electron 
Microscope studies conducted on DO3-Fe3Al show that the deviation of partial slip vectors from  
  1 4 111    are insignificant (e.g. reported as 0.0014 nm for NNNAPB faults) [158]. We 
observed that the anisotropic displacement fields help minimize the undesired, relaxation 
induced deviations in the slip vector with an achieved additional Burger’s vector magnitude of 
0.06 b (b = 1 4 111  ) only.     
3.3.4 Transition to Continuum Scale  
              The physical mechanisms introducing non-Schmid plastic behavior at atomic scale have 
significant implications on the continuum scale yielding behavior of bcc structured metallic 
materials as also reflected in our experimental measurements. In that regard, construction of a 
crystal plasticity model encompassing TA slip asymmetry and 
NGS component effect necessitates 
the modification of the conventional yield criterions which are only 
GS  component dependent 
and equivalent to Tresca criterion. Following the pioneering study of Qin and Bassani [110], 
these non-Schmid effects are considered in the literature by a generalized yield criterion which is 
composed of a linear relation between the shear stress components on the {1 1 0} planes 
intersecting along the  1 1 1   slip vector and an effective, glide plane dependent critical stress 
level [2, 3, 111].  
By implementing second order stress tensor transformation rules and neglecting the effect 
of hydrostatic stress on the slip, it can be shown that considering any two of these three {1 1 0}  
planes is sufficient to generate the generalized yield criterion under a general 3-D external stress 
state. Adapting it to the nomenclature used in this paper, the generalized yield criterion for any 
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1a , 2a , 3a  and 
*
cr  are adjustable fitting parameters that are determined from the CRSS 
values predicted by the modified P-N formulation and the corresponding 
NGS components 
(based on the stress state in 
1 2 3x x x   frame) in this study. The terms CRSS / cos  and 
NGS / sin2   represent the GS and NGS stress components acting on the neighboring {11 0}   
glide plane making an angle of 60o with the active glide plane in the slip vector zone. At this 
point it is worth emphasizing that for 0  , the term 
NGS / sin2   is equal to zero as can be 
shown by coordinate frame transformation.  
             As our main purpose is to demonstrate the multiscale effects of non-Schmid glide 
behavior in DO3-Fe3Al, obeying the generalized yield criterion given as Eq.(88) can be regarded 
as the first step for the construction of a prospective crystal plasticity model informed by the 
modified P-N formalism or the continuum scale experimental measurements within the 
framework of non-associated flow. For this purpose, the critical values of the components 
GS , 
i.e. CRSS, and 
NGS  at the instant that the glide motion initiates were employed for the 
compression samples of [20 31 36] , [19  30 48]

, [1 5 11] , [1 2 10]

, [3 6 31] , [0 0 1]  and the 
[1 5 11]  tensile sample. It is noted that the common active glide system for these samples is 
(1 0 1) [1 1 1]

. CRSS values were attained from the modified P-N formalism and the 
corresponding 
NGS  values were evaluated by transforming the corresponding uniaxial stress 
tensor in 1 2 3X X X    frame to 1 2 3x x x    system. For this derivation, the pertinent   values 
of these samples were extracted from Figure 45. The calculated parameters are tabulated in Table 







         Material                   Glide System          1a                  2a                   3a               
*
1212/cr C  
    ** This study  
Table 3.5  The fitting parameters of the generalized yield criterion for the   {11 0} 111   glide 
systems : 
1a , 2a , 3a   and 
*
cr   for  are tabulated for DO3-Fe3Al ( at 300 K) in comparison with  
Mo and Ta ( at 0 K) and W (at 77 K) reported in the literature [2, 3]. 
*
cr  values are normalized 
with respect to the corresponding 1212C values in the pertinent crystallographic frames. 
     The CRSS values calculated from the modified P-N formalism in Eq.(51), generalized 
yield criterion of Eq.(88) and measured from the experiments are tabulated in Table 3.6 for the 
pertinent samples. The close agreement present between these enlisted values reveals that the 
generalized yield criterion is capable of predicting the CRSS values attained from the modified 
P-N formalism within excellent agreement. This agreement has the following significant 
implementations: (i) yield criterion for a specific glide system in DO3-Fe3Al can be constructed 
by a linear, homogeneous function of stress tensor components as proposed, including both 
GS  
and 
NGS   components. (ii) CRSS and the corresponding NGS  values evaluated by an 
atomistically-informed, robust computational framework, i.e. the modified P-N formalism, can 
predict the continuum scale yielding behavior of DO3-Fe3Al. At this point it is worth 
emphasizing that even though we employed modified P-N predictions to conduct the fitting 
procedure, the predicted CRSS values from the generalized yield criterion also show very good 
agreement with the experimental measurements corresponding to the active (1 0 1) [1 1 1]

 glide 
system. This indicates the supremacy of the high magnification, in situ DIC measurements in 
pinpointing the CRSS values compared to macro-scale measurement techniques. 
 
DO3-Fe3Al (300 K)**      (1 0 1) [1 11]
  0.30 -0.25 0.07 0.002 
     Mo   (0 K)  [2] 
     (1 0 1) [111]

 
0.24 0 0.35 0.027 
    Ta    (0 K)  [2] 
     (1 0 1) [111]

 0 0.56 0.75 0.028 
   W  (77 K)   [3]     {11 0} 111 
 
0.15 0.05 0.01 0.002 
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     DO3-Fe3Al Sample     Modified P-N         Generalized Yield Criterion     Experimental CRSS  
                                    CRSS (MPa) Eq.(51)       CRSS (MPa) Eq.(88)              (MPa)   
  [20 31 36]  C                228               239           237* 
[19  30 48]

 C 
               236                234             249* 
[1 5 11]  C                243               240          234, 249* 




               268               270           262*     
[3 6 31]  C                292               290 
          281* 
 
[0 0 1]  C                297                293           292 
 
Table 3.6  The CRSS values predicted from the modified P-N, the generalized yield criterion 
and the experimental measurements are compared for the enlisted compression (C) and tension 
(T) samples.The experimental values from this study and the reported values in the literature 
[103], distinguished with an asterisk sign *, in the literature are also included for comparison 
purposes. 
           Extension of this generalized yield criterion for varying 3-D stress states promoting the 
activation of different glide systems induces significant asymmetries in the shape of convex yield 
hyper surface in the principal stress space owing to the TA asymmetry and 
NGS  component 
effects [2, 111, 113]. The effects of non-planar core structure of screw dislocations are not only 
limited with the non-Schmid character of the yield surfaces. The proposed crystal plasticity 
models [2, 159] demonstrated that the non-associated flow accompanying the non-Schmid yield 
behavior has an intensifying effect on the slip localization. However, the post yielding effects of 
non-planar core structures of screw dislocations are yet to be understood comprehensively and 
further efforts in this area would be of great interest for the scientific community. Another 
possible extension of the work is to evaluate shape memory alloys (which range from B2 to DO3 




Chapter 4 : Dislocation-Core Applied Load Interplay in NiTi Shape Memory Alloy 
4.1 Introduction 
It is well known that the slip behavior of SMAs plays a key role in transformation response 
as it affects internal stress evolution [160], the transformation strains [161] and transformation 
hysteresis [162].  Previous work has identified the complexity of the slip behavior including the 
orientation [163] and tension-compression effects [164], yet a model for CRSS (Critical Resolved 
Shear Stress) has not emerged. The problem deserves considerable attention as understanding the 
shape memory alloys remains an anathema to researchers in mechanics and materials science. To 
appreciate the complexity of slip response in SMAs, we must first revisit the body centered cubic 
(bcc) metals -alloys and discuss the deviations from Schmid Law [2, 85, 165]. We review below 
bcc alloys and then focus on the modeling of shape memory alloy, NiTi.     
The slip initiation in the classical plasticity theory is developed based on two assertions, 
commonly denoted as Schmid Law [166, 167], i.e. (i) the activation of the slip system on the 
closest packed plane along the densest atomic packing direction and (ii) the initiation of slip is 
determined by the critical value of resolved shear stress along Burgers’ vector, i.e. CRSS. These 
assertions have been successful in explaining the slip initiation along <110> {111} family system 
in face centered cubic (fcc) and the basal system <1120> {0001} in hexagonal packed crystal (hcp) 
structure pure metals [81, 168]. On the other hand, the complex plastic response of the bcc metallic 
materials has been a quandary for the researchers since the early experimental work of Taylor on 
iron and  brass [167, 169] exhibiting significant deviations from the Schmid Law. The 
unavailability of crystallographic parameters to characterize the structure of the defects 
accommodating the plastic strain, i.e. dislocations, was the major obstacle at that time.  
          The advancements in the atomistic simulation of materials in the last few decades opened 
new frontiers in developing a better understanding of slip deformation. This is especially true in 
unraveling the complex mechanical response of bcc materials. The topic has peaked the curiosity 
of a select of group of researchers Suzuki, Duesbery and Vitek  [165, 170-172] who were among 
the first researchers to use computational tools to study the response of bcc metals. Today, the non-
planar core structure of screw dislocations and the asymmetric Generalized Stacking Fault Energy-
GSFE- profiles along the active glide systems are accepted to be responsible for the deviations 




from the Schmid law, especially at low temperatures [96, 173]. More recently, the work on ordered 
bcc alloys and specifically the shape memory alloys have been of significant interest [59]. The 
ordered bcc in austenite phase (B2, DO3 and L21 type) exhibits directional properties, i.e. 
orientation dependence of CRSS and tension-compression slip asymmetry, resulting in large 
deviations from the Schmid Law. Despite the importance of the topic of slip in SMAs, there has 
been a lack of research efforts on the role of core effects.  
       This chapter aims at unraveling the complex behavior of shape memory alloys where 
the transformation characteristics are significantly modified due to the underlying dislocation 
mediated slip [174]. The slip resistance depends on the core spreading and it is a function of stress 
state and crystal orientation [127, 175] which is manifested by the interplay among the fractional 
dislocations [126] composing the core structure. Because NiTi is one of the most significant shape 
memory alloys, we elucidated on its plastic behavior by incorporating both experimental 
measurements and theoretical analyses. Our present results and the studies reported in the literature 
[176-179] clearly identify that {110} <001> family system is predominantly active in the NiTi 
alloy. The detailed experimental measurements suggest the presence of non-Schmid behavior in 
B2 ordered NiTi and stands out as a further motivation to interrogate the underlying mechanisms 
on theoretical grounds. 
Throughout this chapter, we aim to quantify the non-Schmid behavior in B2 ordered NiTi 
alloy, with 50.8 % at. Ni composition, at 293 K and establish a criterion to embrace the 
deviations from the Schmid law at the onset of slip. To that end, we conducted uniaxial tension 
and compression experiments on single crystals whose loading axes are oriented along the 
<111>, <249>, <011> crystallographic directions. To pinpoint the active glide systems and the 
corresponding CRSS values, the strain fields were tracked by high-resolution, in-situ DIC 
technique. Remarkably, our experimental results demonstrate the anisotropic yielding behavior 
of B2 NiTi. Furthermore, we constructed a generalized yield criterion accurately reflecting the 
deviations from the Schmid law based on multi-variable regression of the experimental data.   
                On theoretical grounds, thechapter is organized as follows: we introduce the MS 
calculations within the framework of Eshelby-Stroh [58, 107] formalism and evaluate the core 
structure in stress-free configuration and under the stress states corresponding to the  <111>, 
<349>, <5 8 18>, <249>, <259>, <148>, <188>, <011> oriented samples.We have experimental 
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data on 3 orientations under uniaxial tension-compression (6 cases) loading, i.e. <111>, <249> 
and <011> [180]. Within a concerted fashion, we also generated the GSFE curves along the 
active {110} <001> glide system family to extract complimentary information about the slip 
energetics. Moreover, we developed a theoretical P-N framework [59, 181-183] to predict the 
CRSS values under uniaxial tension and compression along the corresponding crystallographic 
directions. We predict the significant tension-compression asymmetry of the slip and the 
orientation (including non-glide and normal stress) dependence.  There are no fitting parameters 
or adjustments in the modified P-N model to fit the experimental data. Therefore, the work is 
aimed to construct a theoretical bridge between the experimental evidence collected for the 
plastic deformation characteristics of B2 NiTi and the underlying atomistic scale dislocation core 
mechanics, such that the multiscale physical phenomena entailing the non-Schmid effects 
observed in NiTi shape memory alloy can be studied in depth.  As a last step, a modified yield 
criterion has been constructed based on the experimental and theoretical CRSS results.      
4.2 Methods  
4.2.1 Experimental Methods 
     Single crystals of 50.8% at. Ni- NiTi, were grown by Bridgman technique in an inert 
environment. The dog bone tensile samples (net gage section with 8mm x 3mm x 1.5 mm) and 
the compression samples (8mm x 4mm x 4mm) were sectioned using electro-discharge 
machining. The single crystalline samples are oriented along <111>, <249>, <011> respectively. 
The detailed orientation configuration of the samples are tabulated in Table 4.1. The samples are 
solution-treated in an inert gas atmosphere following a two-step procedure: (i) for 20 hours at 
1273 K + water quench and (ii) for 0.5 hours at 1203 K + water quench, to produce B2 order. 
This heat treatment results in transformation temperature well below 100 K as no transformation 
peaks are observed in the heating/cooling cycles of Differential Scanning Calorimetry analyses 
within the temperature interval of 100 K-415 K at a rate of 10 K/min. Hence, we can study slip at 
293 K, and the absence of precipitates ensures the compositional homogeneity. Following the 
treatment, the orientations are confirmed by the Electron Backscatter Diffraction (EBSD) 
analyses by JEOL 7000 F Scanning Electron Microscope enabling the longitudinal and 
transverse sample directions known. Furthermore, post-deformation EBSD analyses are 
conducted which confirm that the deformation is accommodated only by dislocation mediated 






        Sample                1E                  2E   
   <111> Tension           [1 -2 -1]/ 6             [-1 -1 1] / 3   
   <111> Compression           [1 0 1]/ 2             [-1 -1 1]/ 3   
   <249>  Tension   [6 167 -70] / 32825                 [-9 2 4]/ 101   
   <249> Compression   [6 167 -70]/ 32825              [-9 2 4]/ 101   
   <011>  Tension            [2 1 2]/3             [-1 0 1]/ 2   
   <011>  Compression            [-2 -1 -2]/3            [-1 0 1]/ 2   
 
Table 4.1 The sample orientations obtained by EBSD analyses are tabulated. The vectors 
2E  and 
3E  are directed along the outward normal of the surfaces on which the applied loading acts and 
the deformation is tracked by the DIC respectively. Their cross product, 
2E x 3E , gives the 
transverse direction, 
1E . It is noted that 1 2 3E - E - E   triad forms a right-handed orthogonal 
coordinate frame. 
    The uniaxial tension and compression experiments are conducted in an MTS servo-
hydraulic load frame at a strain rate of 5x10-5 s-1 at 293 K. The sample surfaces are mechanically 
polished to mirror-finish and a speckle-pattern is implemented on a surface of each sample 
experimented. The images of the patterned-surface are captured during the experiments by 
utilizing a CCD camera with a resolution of 3 microns/pix (55 pixels subset size and 3 pixel step 
size). The deformation is tracked by implementing the DIC analysis with the synchronized stress 
measurements. The resulting displacement and strain fields are utilized to pinpoint the activation 
of slip. The active glide systems are determined by slip trace analyses on the correlated strain 




4.2.2 Description of Interatomic Forces  
              In this study, the interatomic forces for generating the GSFE curve, also denoted as  
curve, and the modelling of the screw dislocation core structure are based on the many-body NiTi 
potential [184, 185] developed within the framework of generalized Finnis-Sinclair approach [186, 
187]. The comparison of  the lattice constant, a, equilibrium volume per atom per unit cell, , 
and the independent elastic stiffness tensor components  (the fourth order  stiffness 
tensor with   is shown in Voigt notation) of B2 NiTi predicted by the potential and the 
experimental measurements [188, 189] are tabulated in Table 4.2 and Table 4.3. The predicted 
values exhibit close agreement with the experimental measurements in which the maximum 
difference is calculated to be in the elastic constant  by a relative difference of 9.8%. 
Considering the capability of the potential in predicting the linear elastic response and the 
crystallography of B2 NiTi, we utilized it to evaluate the slip energetics and the screw dislocation 
core shape in stress-free configuration and under different loading paths.        
                                                                                  
0V  (Angstrom
3)           a  (Angstrom)         
B2  (This potential) 27.561 3.021 
B2  Exp. [189] 27.339 3.013 
 
Table 4.2 tabulates the volume 
0V (Angstrom
3),  the lattice constant a  (Angstrom) for B2  ordered 
NiTi in comparison with experimental measurements from the corresponding references.  
 
                                                                         
11C  (GPa)       12C  (GPa)       44C  (GPa)  
Potential (this study) 146 122 35 
Experimental [188] 162 129 35 
 
Table 4.3  tabulates the elastic stiffness tensor components 
11C , 12C  and 44C  evaluated from the 









In this chapter, the many-body potential constructed for the binary NiTi alloy is utilized 
[184, 185]. In this framework, the potential energy, potE  expressed in Eq.(89), is composed of 
interatomic pair-interaction potential, 
i jt t i j
(r r )   , (defined with respect to the relative position 
vector between atom i and atom j: i jr r ) and the embedding energy function, 
i j i j
e
t t t t i jF ( (r r ))  , which 
represents the contribution of host electron density 
i j
e
t t i j(r r )  . The subscript kt (k=1,2) represents 
the atom element type, i.e. either Ni or Ti along with N=2.   
 
i j i j i j
N 1 N
pot e
t t i j t t t t i j
i 1 j i 1
E (r r ) F ( (r r ))

  
         (89) 
The electron density term, 
i j
e
t t , is simply the superposition of the valence electron clouds from all 
other atoms. The current potential adopts the existing potentials of Ni [190] and Ti  [191] along 
with the cross-interaction terms of 
i j
e













(r) c (r r) H(r r)

      (91) 
where N, 
ir  represent the number of knots, the knot position vector  for a fixed r vector respectively 
along with the to-be determined coefficients 
ia  and ic . H function is the Heaviside step function 
which is equal to 0 for 
ir r  and equal to 1 for ir r . In the calculations conducted to construct the 
potential, the maximum value of 
ir  is set equal to the cut-off radius cR  which is equal to 0.52 nm. 
These cross-interaction terms are fitted by conducting ab-initio simulations within framework  of 
Density Functional Theory by Quantum Espresso software [192]. The ab-initio simulations are 
conducted by using ultra-soft pseudopotentials plus generalized gradient approximation for energy 
versus volume relation of (i)  the crystal structures of  B2, B19’, B19, BCO (body-centered 
orthogonal) and (ii) hypothetical compounds of B1-NiTi, L12-Ni3Ti, L12-NiTi3.  Generalized 
gradient approximation can capture both the electron density and its gradient at a given point r and 
enables to calculate lattice constants and elastic coefficients with high precision [193]. On the other 
hand, ultra-soft pseudopotentials enable to get improved accuracy in representing the valence 
pseudo-wave functions for transition metal systems within a small cut-off distance [194].  
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      The fitting procedure introduced in Eq.(90)-(91) is performed by minimizing the objective 
function Z expressed in Eq.(92) for the fitting constants 
ia   and ic   through the use of downhill 




i i i i0 i i i i0
i 1 i 1
Z w [Y(r,a ) Y ] w [Y(r,c ) Y ]
 
       (92) 
In Eq.(92), 
iw  is the fitting weight of the different terms, i iY(r,a )  and i iY(r,c )  are the adjustable 
fitting value for the constants 
ia  and ic respectively. The term i0Y  represents the target value 
calculated by the ab-initio simulation. The resulting values for the fitting constants 
ia  and ic are 
reported in reference [184]. Table 4.2 tabulates the equilibrium volume per atom per unit cell (
0V  
) and the lattice constant (a) corresponding to B2 structure obtained from the potential in 
comparison with the experimental measurements. Moreover, the second order  elastic stiffness 
constants of B2 NiTi (in Voigt notation) are also compared with the experimental findings of [188] 
in Table 4.3.  
4.2.3 Generation of GSFE curves by Molecular Statics (MS) 
            In order to develop a comprehensive understanding of the slip characteristics along the 
experimentally observed active {110} <001> family system in B2 NiTi , we generated the GSFE 
curves within framework of MS at 0 K. To accomplish this task, we delineated a simulation box 
of 90 x 90 x 90 Angstroms3 size with periodic boundary conditions along all three directions using 
LAMMPS (Large Scale Atomic/Molecular Massively Parallel Simulator) software [50] and 
incrementally sheared the top and bottom half-crystallite, i.e. denoted as Crystal A and Crystal B 
respectively, by an amount of equal and opposite displacements referred as and  as in Figure 
4.1 (a) for the glide system [001] (110). The applied disregistry, defined as  = - , is 
implemented incrementally within range of 0 to a [001] and the atoms are allowed to relax along 
all but the shearing direction under the interatomic force field defined by the potential utilized. 
This is a new potential introduced recently [184] .  
             Figure 4.1 (b) shows the GSFE curve which has only a single maximum suggesting an 
unstable stacking fault energy value of = 200.5 mJ/m2 at a disregistry level of a/2<001>. The 







{110} family systems. This result also complies with the first-principles calculations reported in 
an earlier study of Ezaz et al. [177].   
 
Figure 4.1 The GSFE ( ) curve is generated by MS for an equi-atomic composition B2 ordered 
NiTi by shearing along the two semi-infinite crystals along the glide system [001] (110). In (a), 
the (110) glide plane is located at 0 position along the vertical axis parallel to [110] direction and 
separates the two semi-infinite crystallite which are denoted as Crystal A (above the (110) glide 
plane) and Crystal B (below the (110) glide plane). Both A and B crystals are sheared by the 
homogeneous, equal and opposite direction of displacements, i.e.  and . The relative shear 
displacement of the Crystal A with respect to Crystal B is denoted by , i.e. equal to . Ovito 
software is utilized for the visualization [72]. (b) The resulting GSFE curve for equi-atomic B2 
NiTi under varying disregistry u between 0 and |a[001]| is plotted. The atoms are allowed to relax 
only along [110] and [1 -1 0] directions.  
4.2.4 Screw Dislocation Core Calculations by Molecular Statics  
                Following the experimental results of our previous published work on plasticity of B2 
NiTi at 293 K addressing the glide motion of dislocations along <001> {110} family slip 
systems [179, 180], we focused on the core structure of a <001> screw dislocations in stress-free 
configuration and under applied stress field. To that end, we delineated a simulation box of 150 x 
150 x 3 Angstroms3 and introduced a screw dislocation with Burgers’ vector b= a [001] at the 
geometric center utilizing the Eshelby-Stroh formulation as illustrated in Figure 4.2 at four steps 







                 As an initial step, as shown in Figure 4.2 (a), the screw dislocation is introduced within 
the framework of anisotropic linear elasticity by the following displacement formulation in Eq.(93) 
(with k, n=1,2,3) where  and  are the initial coordinates of the lattice points given with respect 
to the  frame shown in Figure 4.3 [58, 107]. 
   (93) 
In Eq.(93),  the three  coefficients are the roots of the expression of Eq.(94) and they are 
chosen among the three complex-conjugate pairs satisfying :  
   (94) 
where is calculated by  the transforming the fourth order elastic stiffness tensor, i.e. 
, with summation convention implied, into the dislocation frame
. On the other hand,  for each  value, there corresponds a vector of  satisfying 
Eq.(95).  
   (95) 
As Eq. (94) holds, not all three of the components vector   (corresponding to each ) can be 
solved uniquely. Therefore following the convention in[205], one of the  component is set 
equal to 1 for each n (preferably  if ). Moreover, three  complex constants 
expressed in the boundary conditions of Eq.(96) -(97) are also necessary to be solved (Re [ ] : 
real part of the expression inside the square brackets).  
   (96) 
   (97) 
              Physically, the expression in Eq.(95), provides the set of equations satisfying the 
equilibrium conditions as well as small strain-displacement relationship within the framework of 
anisotropic elasticity. On the other hand; as  is a multi-valued function, there is a jump by b 
vector in its value if any piecewise-smooth curve C  enclosing the dislocation, crosses the glide 
plane ( i.e. described along ) for  < 0  because of the slip step. Eq. (96) expresses this 
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mathematical condition in algebraic form ensuring the condition of zero resultant force per unit 
length acting on curve C   in Eq.(97) satisfied.  
         The stress field corresponding to  satisfies the equilibrium conditions within the 
framework of anisotropic linear elasticity. However, as the displacements inside the core region 
generally exceed the linear elastic limit, the equilibrium of interatomic forces can not be taken 
for granted. Therefore, the equilibrium of interatomic forces is incorporated by implementing a 
relaxation procedure within the framework of the interatomic potential. In the force equilibrating 
scheme, the atoms located on the outer planar boundaries of  (1-10) and  (110) are fixed in 
their displaced positions. The rest of the atoms are relaxed with the periodic boundaries 
conditions on the outer surfaces of  (001).   
            The relaxation procedure equilibrates the interatomic forces and results in significant 
deviations from the linear elastic solution introduced in Eq. (95) especially within the proximity 
of the dislocation core. The details of the relaxed core structure calculated by MS is emphasized 
utilizing the displacement differentials between the neighboring atoms which is denoted as 
DDMT [109]. This representation forms the basis for visualization of core spreading. In this 
technique, the relative displacement vectors between the neighboring atoms parallel to b (is 
equal to in this study as  ) are shown with the projected arrows connecting these two 
corresponding atoms on the plane normal to b. Of note is that the magnitude of the arrows is 
normalized to a  maximum value of . As can be seen in the octagon-shaped inset of  
Figure 49 (a), the displacements are concentrated on multiple (-110) planes suggesting the non-
planar shape of the a [001] screw dislocation core in the externally stress-free configuration of 
B2 NiTi crystal. It should also be emphasized that even though the system is in externally stress-
free configuration, an internal stress field owing to the presence of the screw dislocation exists.     
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Figure 4.2 The methodology followed to calculate the screw dislocation core shape in stress-free 
and under a homogeneous external stress state is summarized. (a) As a first step, a screw 
dislocation with a prescribed Burgers’ vector, b, is introduced inside the simulation box using the 
sextic displacement field formulation of Eshelby-Stroh. Following this step, to calculate the core 
shape in stress-free configuration, the simulation box is relaxed. The core displacements that are 
shown as inset will be explained later. (b) In order to interrogate the dislocation core structure 
under a homogeneous external stress field, the corresponding displacement field defined within 
the framework of anisotropic elasticity is superposed incrementally on the stress-free configuration 
shown in (a). (c) The MRSSP plane, Burgers vector, glide shear stress, the characteristic angle  
are depicted.  (d) The externally stressed structure is relaxed after each increment and this iterative 
procedure is repeated until the dislocation center translates by an integer multiple of lattice spacing. 
The theoretical CRSS value is evaluated based on a modified Peierls-Nabarro model developed 
and it is plotted using the  angle convention. The theoretical CRSS values exhibit both crystal 
orientation dependency and tension-compression asymmetry.  
           As a next step, following the flow chart in Figure 4.2 (b), the homogeneous external stress 
fields are implemented on the system by incrementally superposing the corresponding 
displacement field defined within the framework of anisotropic elasticity upon the externally 
stress-free dislocation configuration. An important point to note at this stage is that although the 
Burgers’ vector direction for a screw dislocation of |a <001>| strength residing on a {110} family 





under an external stress state, the glide sense is of significant importance because of a potential 
interplay between the glide force acting on the dislocation and the stress tensor components [170, 
196]. For example, it is known that the core shape changes under different directional relations 
between the applied glide shear and non-glide shear stress components acting on the active glide 
plane in DO3 ordered Fe3Al [59]. Therefore, for each sample orientation we focused, we changed 
the sense of b vector in the Eshelby-Stroh formulation to take the glide sense change under tension 
and compression loading into consideration. The orthonormal base vectors of  frame, 
, as illustrated in Figure 4.3, are related to the active glide system in each sample 
simulated such that  and  coincide with the glide plane normal, n, and the glide direction, m, 
vectors respectively. The base vector  can be determined by the vector cross-product of other 
two base vectors following right-hand rule. Below, Table 4.4 tabulates the active glide systems for 
each sample orientation along with the crystallographic directions of  . 
         The applied stress tensor,  defined in the sample coordinate frame , is of 
either uniaxial tension or compression state. The crystallographic directions of the orthonormal 
vector triad  which compose the set of base vectors in  frame are 
tabulated in Table 4.4 and illustrated in Figure 4.3 as well as  which is the only non-zero 
component of  tensor. Throughout this study, as hydrostatic pressure is evaluated to be of 
negligible effect, we will present the results of the atomistic scale calculations by using the 
deviatoric stress tensor, , as illustrated in Figure 4.3. The components of  are evaluated by 
transforming the deviatoric part of , i.e. I,  from  to 
frame ( I  is the second order identity tensor). In this transformation scheme, the 
coordinate transformation matrix components are given by  . Moreover, it should be 
noted that CRSS is directly equal to  component owing to the convention we introduced 
earlier.  Throughout this chapter, we refer to  as glide stress (GS),  as non-glide shear 
stress (NGS), ,  and  as normal stresses (NS) and  as the conjugate plane stress.  
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Figure 4.3 illustrates the specimen coordinate frame , the cubic crystal coordinate 
frame [100]-[010]-[001] and the local dislocation coordinate frame   for a tension 
sample under action of . n and m vectors are the unit glide plane normal and the unit slip 
direction vectors respectively. The transformation of coordinates from  to  
frame is accomplished by the transformation matrix Q . Moreover, the components of the  
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       Sample                                                                              
<111> T [1-2-1]-[-1 -11]-[-10-1] [0-1-1] -[0-11]- [-100] 
<111> C [1-2-1]-[-1 -11]-[-10-1] [011] -[0-11]- [100] 
<349> T [-16-3]-[349]-[33 9 7] [110]-[-110]-[001] 
<349> C [-16-3]-[349]-[33 9 7] [-1-10]-[-110]-[00-1] 
<5 8 18> T [-2 10 -5]-[-5 8 18]-[140 11 34] [110]-[-110]-[001] 
<5 8 18> C [-2 10 -5]-[-5 8 18]-[140 11 34] [-1-10]-[-110]-[00-1] 
<249> T [6 167 -70]-[-924]-[8 6 15] [110]-[-110]-[001] 
<249> C [6 167 -70]-[-924]-[8 6 15] [-1-10]-[-110]-[00-1] 
<259> T [2-11]-[-259]-[-7 -10 4] [110]-[-110]-[001] 
<259> C [2-11]-[-259]-[-7 -10 4] [-1-10]-[-110]-[00-1] 
<148> T [0-21]-[-148]-[-20 -1 -2] [110]-[-110]-[001] 
<148> C [0-21]-[-148]-[-20 -1 -2] [-1-10]-[-110]-[00-1] 
<188> T [01-1]-[-188]-[16 1 1] [110]-[-110]-[001] 
<188> C [01-1]-[-188]-[16 1 1] [-1-10]-[-110]-[00-1] 
<011> T [212]-[-101]-[1-41] [0-11]-[011]-[-100] 
<011> C [212]-[-101]-[1-41] [01-1]-[011]-[100] 
 
Table 4.4  tabulates the crystallographic orientations parallel to the orthonormal triads of  
 and for each sample under uniaxial tension and compression. 
          The elastic displacement field resulting from the applied  tensor, ,  can be expressed as 
in Eq.(98) where  represents the fourth order elastic compliance tensor defined as the inverse 
of the elastic stiffness tensor,  .   
   (98) 
In the expression of Eq.(98), the  bounds of the integration is dependent on the sample size in 
which case  they are equal to +75 and -75 for the simulation box with an equal width and length 
of 150 Angstroms utilized in this study. Upon superposition of the displacement field  on each 
atom inside the simulation box, the atoms on the planar boundaries of  (1-10) and  (110) are 
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fixed in their displaced positions meanwhile the rest of the atoms are relaxed with a max. force 
tolerance of 0.015 eV/Angstrom. The periodic boundary conditions on  (001) planar boundaries 
are conserved. To initiate the glide motion of the screw dislocation and evaluate the corresponding 
CRSS values as shown in Figure 4.2 (d), the applied loading intensity is increased incrementally. 
The core structure of the screw dislocation is captured with the corresponding relaxed atomic 
displacement fields, , at the instant just before the dislocation center translates by a distance of 
an integer multiple of lattice spacing. The corresponding core configurations will be analyzed 
thoroughly in the following sections.  
            In this study, the CRSS level is measured and calculated on the glide plane which belongs 
to {110}. family. The CRSS values calculated at the instant of glide are plotted in Figure 4.2 (d) 
by following the characteristic   angle convention as illustrated in Figure 4.2 (c) [197]. 
Geometrically,  angle is measured from the {110} family plane bearing the highest glide shear 
stress parallel to b, , to the maximum resolved shear stress plane (MRSSP) which is the plane 
bearing the globally maximum  without any crystallographic restriction. Owing to the 
symmetry of B2 lattice structure along with the active  {110} <001> glide system, the angle  is 
bounded between 0 to 45o unlike the familiar -30° to 30° range  for the bcc metals with the active 
glide system family of {110} <111> . At this stage, it is important to emphasize that there is another 
commonly used convention in the literature [127] which defines the CRSS value based on the 
shear stress acting parallel to the glide direction on MRSSP.  However, we prefer to quantify the 
CRSS level on the glide plane as the physical dislocation glide incurs on the glide plane.  The 
characteristic angle establishes the relation between the crystallographic direction along which 
the uniaxial loading is applied and the active glide system such that the orientation effect of the 
single crystal sample on the dislocation glide motion can be distinguished.  
         The screw dislocations that we focused in the 8 distinct crystallographic orientations under 
uniaxial tension and compression are subjected to different deviatoric stress states in the local 
dislocation frame .   As can be seen in Figure 4.2 (d), depending on the orientation, 
the CRSS level under compression is greater than tension or vice a versa.  This non-Schmid trend 
in CRSS values are also substantiated by the uniaxial tension and compression experiments 
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this chapter  The experimental measurements indicate that for  the <111> and <011> orientated 
samples, the CRSS levels are greater under compression compared to tension. On the other hand, 
an opposite trend is observed for the <249> oriented samples. The experimental measurements of 
CRSS levels pertaining to these 3 samples unequivocally indicate that there is a significant 
differential in tension and compression which extends up to an experimental value of 120 MPa 
(>50% difference in stress) for the <011> oriented sample. This differential is lower for the <111> 
oriented sample which is 42 MPa. The <249> sample is located in between these two cases, by a 
differential of 85 MPa.  Based on this experimental evidence addressing the anisotropy of the 
CRSS values along the same slip system family, i.e.{110} <001>, the dislocation core effects are 
surmised to prevail on the plastic slip behavior of B2 NiTi. Considering these opposite trends in 
CRSS values, we focused on the screw dislocation core structures posited in the <111> and <249> 
oriented samples via atomistic scale calculations. The results indicate that the CRSS levels to 
activate glide are affected by the applied stress state components owing to their interaction with 
the dislocation core displacements.  
         The deviation of CRSS values from the Schmid Law in B2 NiTi owing to the dislocation 
core shape change can be ascribed to two primary reasons manifested on both experimental and 
theoretical grounds. Firstly, the glide resistance is dependent on the single crystal orientation, even 
if only uniaxial compression or tension is considered. Secondly, there is a differential in the CRSS 
values corresponding to the identical crystallographic sample orientation under uniaxial 
compression and tension, namely tension-compression asymmetry. The detailed examination of 
these two mechanical responses based on the atomistic scale core structure analyses will be 
presented in the following section  
4.3 Results and Discussion 
4.3.1 Results of the uniaxial tension and compression experiments 
Figure 4.4 shows the stress vs strain curves of the samples oriented along the <111>, 
<249> and <011> crystallographic directions under uniaxial tension and compression. In all of 
the samples experimented, the active glide system is determined to belong to <001> {110} 
family as tabulated in Table 4.5. This trend complies with the reported experimental work and 




Table 4.5 The activated slip systems in B2 NiTi under uniaxial tension and compression are 
tabulated.  
 
Figure 4.4 (a) shows the stress vs strain curves under uniaxial tension. The points marked as A, 
B and C on the curves indicate the onset of slip for <011>,<111> and <249> orientations. The 
insets correspond to the axial strain fields generated by DIC at the instant that the slip is detected 
on the sample surface with outward normal of 
3E , i.e. equal to x1 2E E . (b) shows the stress vs 
strain curves under uniaxial compression. Similarly, A, B and C on the curves indicate the onset 
of slip for <011>,<111> and <249>  orientations. The insets correspond to the axial strain fields 
generated by DIC at the instant that the slip is detected on the sample surface with outward 
normal of 
3E  i.e. equal to x1 2E E . 
The variation of CRSS under tension and compression for  <001> {110} glide systems 
are plotted in Figure 4.5  using the conventional angle   which is measured from the reference 
{110} plane towards the MRSSP [197]. It is to be noted the symmetry of the B2 lattice structure 
bounds the angle   between 0o and 45o which is different from the symmetry arguments of  DO3 
lattice of Fe3Al discussed in the previous chapter. As can be seen, the CRSS values under 
compression are greater than it is under tension for the <111> and <011> sample orientations 
unlike the <249> oriented samples. Though under compression, the <011> oriented sample is 
measured to have the greatest glide resistance; under tension the <249> oriented sample exhibits 
the highest CRSS. As an important point to note, the CRSS values exhibit significant variation 
    <111>             <249>   <011> 
    Tension [-100](0-11) [001](-110) [-100](011) 
Compression [100](0-11) [00-1](-110) [100](011) 
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under tension and compression with a differential of 120 MPa, 85 MPa and 42 MPa for the 
<011>, <249> and <111> sample orientations respectively. 
 
Figure 4.5 (a)    angle convention is provided with the resolved stress tensor, Σ , components on 
the active glide plane which is assumed to be as (011) along with the [001] Burgers’ vector 
direction in this illustration. In general, the angle    is defined to traverse from the {110} plane 
bearing the greatest 
23  towards the MRSSP. (b) The variation of the CRSS values with respect 
to   angle are provided for B2 NiTi based on the experiments under uniaxial tension and 
compression at 293 K. The predicted values from the generalized yield criterion proposed in 
Eq.(1) are also included for comparison purposes. 
4.3.2 Applied Stress Components  
            The results of the uniaxial loading experiments starkly indicate that the plastic yielding is 
not governed by a unique critical value of the glide shear stress in B2 NiTi. Therefore, to 
quantify the contributions of the other applied stress tensor components, we introduce a right-
handed, orthonormal dislocation coordinate frame 
1 2 3e e e   of which the basis vectors 2e  
and 
3e  are parallel to glide plane normal and the slip vector of the activated slip system 
respectively. The external applied stress tensor, σ , of which all the elements are zero but 
22  in 
the global specimen coordinate frame of 
1 2 3E - E - E , is transformed to Σ  stress tensor in the 
dislocation frame by an appropriate tensor transformation. As hydrostatic pressure is known to 
have no significant contribution on dislocation mobility [202],  we suggest neglecting its effect 
and focusing our attention on the deviatoric stress tensor, S, to characterize the effect of external 
loading on the plastic yielding. The deviatoric stress tensor is defined as S = Σ  - p I in which p is 
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equal to 1/3 of the trace of Σ  and I  is the second order identity tensor [203]. The components of 
S are tabulated in Table 4.6 for each sample at the onset of slip.           
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Table 4.6 The components of the deviatoric stress tensor, S, are tabulated for each sample 
orientation under tension and compression at the onset of slip. The given expressions are in units 
of MPa. The CRSS values, i.e. equal to 
23S , are expressed in red color. 
4.3.3 The generalized yield criterion     
      For any <001> {110} family glide system activated in B2 NiTi, the {110} family planes in 
the slip vector zone are perpendicular to each other. Therefore, the independent components of 
the applied S tensor in the orthonormal dislocation frame of 
1 2 3e -e -e  are utilized to introduce a 
yield condition that can establish the non-Schmid behavior. Based on this rationale, we suggest 
the following criterion in Eq.(99)  for the onset of slip.          
 
*
cr 1 12 2 22 3 13 4 11CRSS a S a S a S a S        (99) 
In Eq.(99), the parameters 
*
cr  , 1a , 2a , 3a  and 4a  are material dependent and can be found by a 
multi-variable linear regression analysis. These parameters are evaluated as displayed in Table 
4.7  regarding the experimental data presented in Table 4.5 and Table 4.6. Conventionally, for 
the Schmid Law, these parameters are equal to zero except 
*
cr  which is set equal to a 
hypothetical unique CRSS value based on the experimental measurements. On the other hand, as 
can be seen in Table 4.7, the multi-variable linear regression of the experimental CRSS values 
show that the Schmid Law is insufficient to describe the onset of slip in B2 NiTi since 
1a , 2a , 
3a  and 4a  are of finite magnitude. The negative sign of the coefficients 1a  and 3a  demonstrates 
that the positive sign shear stresses, 
21S  and 13S  acting on the {110} planes contribute to the 
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onset of slip in a fashion promoting the glide resistance, i.e. CRSS. Similarly, the tensile normal 
components 
11S  and 22S  are also inferred to harden slip motion.  
 
Table 4.7 The parameters of the proposed generalized yielding criterion for B2 NiTi in Eq.(99) 
are tabulated.  
The presence of the tension-compression asymmetry for the <111> oriented samples 
points to the effect of the normal non-glide stress components, 
11S  and 22S  ( 33S  is linearly 
dependent on these two components). To that end, these normal components introduce 
displacements in the lattice structure which are not parallel to the glide vector, b. Similar 
behavior has been also reported for pure bcc metals [3] and must be linked with the dislocation 
core spreading [170, 202, 204]. Therefore, it is surmised that the elastic lattice displacements 
associated with these components contribute to the CRSS values in an increasing/decreasing 
fashion when they are of tensile/compressive nature. 
      A possible explanation for the tension-compression asymmetry in the <249> and <011> 
oriented samples can be given based on the ratio between the non-glide and glide shear stress 
components 
21S  / 23S . In the case of the <249> oriented sample, the non-glide shear stress, 21S , 
under tension acts along an opposite sense to the dislocation glide force,  F = ( Σ  : b ) x ξ   where 
b and ξ  are the slip vector and the dislocation line direction chosen parallel to b based on the 
Right Hand Side-Start Finish convention [205]. On the other hand, 
21S  and F are directed along 
the same sense under compression.  As the CRSS value for the <249> oriented sample is 
measured to be greater under tension than it is under compression, it is purposed that the 
opposing effect of 
21S  under tension increases the glide resistance. Similar analogy can be also 
established for the <011> oriented sample in which the component 
21S  facilitates/opposes the 




1a   2a   3a   4a  
249.2 MPa -0.11 -0.51 -0.06 -0.62 
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     An important aspect of the anisotropic character of CRSS values in B2 NiTi is that the 
deviations from the Schmid law persist even at 293 K unlike the other bcc materials studied in 
the literature with the exception of transition metal intermetallics [206, 207]. In B2 NiTi, the 
strong d Ti - p Ni and d Ti - d Ti orbital hybridizations prevail over the weak d Ni - d Ni bonding 
[208, 209] In the case of almost equi-atomic composition B2 NiTi, the recent positron lifetime 
measurements confirmed the anisotropic covalent nature of the electron density [210]. The 
strong non-Schmid effects experimentally observed in this study are also surmised to inherit 
from this strongly anisotropic bonding character present in B2 NiTi. 
     The generalized yield criterion proposed in Eq.(99)  can be interpreted as the equivalency 
of a generalized stress measure to a critical yield stress , 
*
cr . However, the free energy change 
associated with dislocation core spreading in B2 NiTi imposes that  
*
cr  is not equal to CRSS 
which is the work conjugate stress to the glide shear on <001> {110}  [211, 212]. The orientation 
dependency of the CRSS values in Figure 52 is reflected on the yield locus shape in Figure 4.6 
by the parameters 
1a  and 3a   as the relation between 21S  / 23S   and 13S / 23S  ratios are   angle 
dependent. On the other hand, the parameters 
2a  and 4a  prevail on the tension and compression 
asymmetry linked with the change of the signs of the normal non-glide stress components. 
Moreover, these parameters promote the lattice glide resistance of B2 NiTi. As a result of this 
strengthening effect, the yield locus predicted by the Schmid law is enclosed by the yield locus 
predicted by Eq.(99) as can be seen in Figure 53. 
4.3.4 The Yield Surface Construction       
            The accurate characterization of the non-Schmid plastic yielding behavior of B2 NiTi for 
a general applied stress state requires the construction of a convex yield surface which encloses 
the elastic deformation states. This goal can be achieved by extending the governing 
methodology utilized under uniaxial loading to the 3-D principal stress space. In this scheme, to 
span all the possible stress states,  the principal stress components are written by introducing the 
azimuthal angles   ([0 , ]) and   ([0 , 2  ]) as I sin cos     , II sin sin      and 
III cos    . The proportionality constant    is determined based on the minimum of the set of  (
I , II , III )  triplets satisfying Eq.(99) on 12 possible <001> {110} slip systems. This procedure 
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is repeated for all of the angles   and   within the corresponding limits. As can be seen in Figure 
53, the yield locus generated by Eq.(99) is asymmetric unlike the Schmid Law based locus. Note 
that the maximum differential between two yield loci exceeds 360 MPa indicating the 












Figure 4.6 The yield loci projected on the deviatoric plane in principal stress space for the 
generalized yield criterion based on Eq.(99) and the conventional  Schmid law are shown.   
 
4.3.5 Interrogation of Dislocation Core Structure on glide along [001] (110) system in B2 NiTi  
 
           Though the GSFE curve shown in Figure 48 (b) provides invaluable information about the 
glide energetics of {110} <001> dislocation in B2 NiTi, the spreading of screw dislocation cores 
can not be solely interrogated within the framework of GSFE curves. To that end, in order to 
establish a solid understanding of the slip characteristics entailing deviations from the Schmid law 
in B2 NiTi, we furthered the MS calculations to analyze the structure of screw dislocation cores. 
The displacement fields calculated for the stress-free configuration within the Eshelby-Stroh 
formalism is shown in Figure 54 (a). For comparison, the resulting core structure obtained by 
relaxing the core structure is shown at Figure 54 (b). Subsequent to the relaxation, displacements 
are concentrated on multiple (-110) planes suggesting the non-planar nature of the screw core in 
the stress-free configuration. This displacement configuration can be considered to be lowering 
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the total energy of the structure by accommodating the large deformation inside the core over the 
multiple neighboring planes. Moreover, the absence of the multiple-fold fractional dislocation 
formation, unlike the non-planar core configuration of < 111> dislocations, can be regarded as the 
most salient feature of the core structure.  
 
Figure 4.7 shows the displacement field parallel to the Burgers’ vector b from the Eshelby-Stroh 
formalism in the stress free configuration of a screw dislocation with b = a [001]. The relaxed core 
displacements parallel to b obtained from MS simulation with the initial displacement field 
provided in (a) is shown by utilizing DDMT. Each arrow represents the relative displacement 
vector between the connected atoms. The magnitude of the arrows are in proportion with the 
relative displacement vector norm such that the arrows are normalized with |a/2[001]| magnitude. 
For the diagonal neighboring atoms green arrows are utilized. For relative displacements greater 
than |a/6[001]|, the atoms are colored in red with a yellow background.  As can be seen, the stress-
free screw dislocation core is extended over three (-110) plane.     
 4.3.6 The screw core structures under experimental stress states  
 4.3.6.1  <111> Orientation  
       The experimental measurements [180] indicate that there is a 42 MPa CRSS differential on 
the [100](0-11) glide system between the <111> oriented samples loaded under uniaxial tension 
and compression. Considering the two fold symmetry of <001> axis on {110} glide planes and the 
symmetric nature of the GSFE curve shown in Figure 48 (b), the CRSS difference is not likely to 
originate from the lattice structure but is a consequence of the interplay between the components 
of  tensor and the core displacements. The  tensor acting in  frame is formed by S S 1 2 3x x x 
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the superposition of the normal stresses, , , and the glide shear stress  (with its 
symmetric component). In order to characterize the core structure under these components, we 
initially considered the contribution of the glide shear stress  on the core geometry in Figure 
4.8 (a) and then superposed the other   components upon  the <111> tension and compression 
sample in Figure 4.8 (b) and Figure 4.8 (c) at a load step at which the Peierls stress corresponds to  
the half of the theoretical CRSS calculated from the modified Peierls-Nabarro analyses for each 
sample (as will be explained in the subsequent discussion). This examination is particularly 
explanatory to visualize the core configuration changes under different loading conditions. 
 
Figure 4.8 (a) shows the screw core structure under pure glide shear stress  only. (b) shows the 
screw dislocation core structure under a resultant deviatoric stress state corresponding to the <111> 
tension. (c) shows the  screw dislocation corresponding to the stress state acting on the <111> 
sample. As can be seen, the normal stress components  and  affect the core structure 
transform into the glissile core configuration.   
          Figure 4.8 shows that the screw core configuration is highly sensitive to the applied loading 
conditions while transforming from the non-planar,compact  stress-free configuration into a  planar 
shape which exhibits the tendency of the core towards gliding. As can be seen in Figure 4.8 (a), 
the core attains an almost planar shape under pure glide stress although, as shown in Figure 4.8 (b) 
and (c), the planar extension of the core is different as a result of the different sense bi-axial loading 
 acting under uniaxial tension and compression. The detailed consideration of the 










the normal stress and the shear strain components in  coordinate frame which can 
introduce shear strain from the normal stress components and change the planar extension of the 
core.  On the other hand, it should be noted that the relaxed deformation inside the core region 
exceeds the small-strain assumption of the linear elasticity. Therefore, the large deformation 
formulation of screw dislocations in anisotropic crystals [213] is required to be considered to 
quantify the coupling effects by utilizing the third order elastic constants,  (where 
i,j,k,l,m,n=1,2,3). These third order constants can be extracted from the strain energy density 
formulation of  Miller et al. [214] for the potentials developed based on the Embedded Atom 
Method [215] as it is in our case. However, there is no experimental measurements available in 
the literature for the third order elastic constants of the binary alloy B2 NiTi for comparison, yet. 
Therefore, within the scope of this work, we will limit our attention to address the presence of the 
significant normal stress effects on the sessile-glissile transformation path of screw core structure 
in B2 NiTi which is reflected by the “non-unique” nature of the CRSS values.  
 4.3.6.2   <249> Orientation  
            The experimental measurements [180] indicate that slip initiates on (-110) glide system 
along the  [001] direction under uniaxial tension and in the opposite sense under compression for 
the <249> oriented sample. Considering the similar arguments as discussed for the <111> 
orientation, the CRSS difference measured at the experiments (of 85 MPa) is a consequence of the 
core displacements interacting with the  tensor, which is composed of  both glide, non-glide, 
normal and conjugate plane stress components.  
           Figure 4.9 (a)-(c) illustrates the core configuration of the screw dislocation with b = a [00-
1] under a deviatoric stress state corresponding to the <249> compression sample at a load step at 
which the Peierls’ stress corresponds to the half of theoretical CRSS level. As can be seen, the core 
displacements are extended mainly on the glide plane (-110).  On the other hand, in Figure 4.9 (d)-
(e)  the screw dislocation with an opposite sign Burgers’ vector under tension preserves its non-
planar sessile structure with a 3 layered generalized stacking faults on (-110) planes. Considering 
the high slip resistance measured under uniaxial tension in the experiments, the multi-layered 
extension of the core in Figure 4.9 (f) is expected to impart greater resistance against the glide 
motion. Therefore, higher CRSS values are to be applied to have the screw core structure attained 
a planar and glissile configuration under uniaxial tension.   





            A closer examination of the experimental measurements suggest that even though the 
CRSS level for <111> sample is greater under compression, for <249> sample the tensile loading 
imparts greater resistance against slip. The additional deviatoric stress components ,  and 
 (with their symmetric components) acting on the <249> oriented samples, compared to the 
<111> orientation, are expected to be responsible for this opposite trend. Previous atomistic scale 
calculations conducted on DO3 ordered Fe3Al suggests that non-glide shear stress components 
govern on the core shape in conjunction with the elastic coupling between non-glide shear stress 
and glide strain [59]. A similar effect can be also present for B2 NiTi owing to the third order 
elastic constants  as the coupling terms are zero in the second order elastic constants  if 
transformed into the dislocation frame. This contention underlies the importance of the  
experimental measurement of  components in B2 NiTi as they are of significant importance 
in characterizing the large deformation on the ground of defect mechanics.   
 
Figure 4.9 (a) shows the core region of the straight screw dislocation (Burgers’ vector of  a [001]) 
placed inside a designed B2 NiTi simulation box (150x150x3 Angstroms3) utilizing Eshelby-Stroh 
formalism. (b) illustrates the applied deviatoric stress state corresponding to the uniaxial 
compression for the <249> compression sample (c) shows the relative atomic displacements 
parallel to [001], i.e. , in the screw core region plotted utilizing DDMT under the applied stress 








glide direction with the concerted effects of shear stress and  in a planar fashion. (d) shows 
the core region of the straight screw dislocation with a Burger’s vector of a [00-1]. (e) illustrates 
the applied deviatoric stress state corresponding to the <249> tension sample. (f) shows the core 
configuration under the applied stress state. In this configuration, the core. This is regarded to be 
a consequence of the opposing effect of  component to the glide shear stress  
 4. 3. 7 Theoretical Prediction of CRSS values  
      
            The theoretical prediction of CRSS values to characterize the onset of slip necessitates a 
comprehensive description of the underlying mechanisms governing the transformation of the core 
structure from sessile into glissile configuration. In order to develop a theoretical slip model 
capable of explaining the non-Schmid behavior of CRSS values of B2 NiTi, we incorporate the 
modified Peierls-Nabarro approach to evaluate the Peierls’ stress whose maximum value is equal 
to theoretical CRSS in this context.    
            As an attempt to define the energy variation accompanying the core configuration changes, 
we will decompose the total energy, , into three primary terms: (i) the misfit energy, , (ii) 
the elastic energy, ,  (iii) the applied work, W. These three terms are linked with  as such  
[175, 183]:  
   (100) 
               Among the three individual terms composing , the misfit energy   stems from the 
atomic interaction across the glide plane and is directly linked with GSFE curve generated based 
on the disregistry function  as given by Eq.(101) in which  is written in terms of integer 
multiples, i.e. m,  of lattice translation vector,  i.e. represented by the parameter m a, and the 
dislocation core center  [216, 217]:  
   (101) 
           The concept of dislocation core center  conveys information about the shift of the 
dislocation line from the stress-free position as a result of applied loading. The translation of the 
core center is a mathematical manifestation of the sessile to glissile shape change of the core 
under an external stress state. A major point to discuss regarding the formulation in Eq.(101) is 
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expression for the dislocation center position [216, 218, 219] which was not present in the 
original treatment of Peierls  [182] . 
         The expression in Eq. (101) suggests that  is governed by the GSFE profile on the glide 
plane. It is noteworthy to emphasize that the spatial variation of the GSFE is determined by the 
details of the  function which generates misfit stresses along the slip system equilibrating 
the corresponding applied stress component. This implies that the exact nature of the  
variates in response to the increase in the applied loading state and intensity as a result of core 
shape changing to accommodate the deformation. In this work, in order to define  under a 
particular applied tensor, we extracted the slip displacements, i.e. , on the glide plane 
from the MS simulation following the relaxation after each incremental load step. This approach 
allowed us to identify  throughout the loading path for each particular sample. Furthermore, 
as this particular disregistry distribution is ensured to satisfy the interatomic force equilibrium 
conditions owing to the relaxation, an accurate description of the dislocation core structure under 
the pertinent stress state is achieved.   
           On the other hand,  to implement the required mathematics in an analytical fashion, we 
fitted the corresponding distribution of  displacements extracted from the MS simulation 
into the form, , expressed in Eq. (102) [220, 221]: 
   (102) 
ensuring the following boundary conditions in Eq.(103) are satisfied. 
   (103) 
This fitting procedure enabled us to evaluate the coefficients ,  and   which are linked with 
the parameters depicting the core extent, i.e. the core width ( ) and the core center ( ) at each  
load step. Moreover, based on Eq.(102), an implicit functional relationship between the core width 
 and the dislocation center  is also established to be exploited in evaluating the theoretical 
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          To illustrate the variation of  as the core structure gradually transforms from the sessile 
to glissile configuration, the core structure posited in the <249> compression sample is elaborated 
under increasing loading intensity. For this particular case, the explicit form of the applied 
deviatoric state is given as:  
 S  
0.31 1.26 0.63
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  (104) 
where  is the  proportional loading coefficient.  
         The disregistry function, , in the sessile, stress-free configuration at  is plotted in 
Figure 4.10 (a) along with the core structure shown by DDMT in Figure 4.10 (b). In stress-free 
configuration,  is evaluated to be at the geometrical center of the lattice, i.e. ,  and the 
core width ( ) is 5.52 Angstroms. As  attains a value of 800, the core center shifts to  
Angstrom and the core width increases to a value of 7.8 Angstroms. These corresponding values 
suggest that the core structure extends over a wider region increasing its planarity and its center 
shifts in parallel to the acting glide force (also known as Peach-Koehler force), F, under the applied 
stress tensor S. The resulting distribution is plotted also in Figure 4.10 (a) along with the 
corresponding core structure shown in Figure 4.10 (c). Finally, just before the onset of slip motion,  
at = 1300,  the corresponding core structure extends to a maximum width of  12 Angstroms with 
a center value of Angstroms. As can be seen in Figure 4.10 (a) and (d), the core structure 
attains an almost planar configuration which facilitates the glide motion. Further increase in the 
stress introduces the translation of the dislocation by multiple lattice spacings. As a  point of 
paramount importance, at this step,  the applied glide stress component  attains a value of 1300 
MPa which is higher than the experimentally measured CRSS, i.e. 178 MPa by more than 7 times. 
This order of difference in the stresses underlines the necessity of the modified Peierls-Nabarro 
analysis for the theoretical prediction of CRSS levels from the atomistic calculations.      
         In order to further examine the core shape changes in response to the applied loading 
intensity, i.e. , we utilized the infinitesimal dislocation distribution concept, , which is 
defined as the change in Burgers’ vector between in the points  and  along the glide 
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plane. Mathematically,  can be evaluated as the derivative of the disregistry function  
with respect to  as expressed in Eq. (105) ensuring the condition in Eq.(106) satisfied [221].  
   (105) 
   (106) 
 
Figure 4.10 shows the variation of disregistry function  for the screw dislocation core structure 
under applied loading corresponding to the <249> compression sample with intensity 
. The inset (b) shows the stress-free configuration illustrated also in Figure 4. This configuration 
is sessile and the core displacements extend over three parallel (-110) planes. The core is 
symmetric with respect to the geometric center of the lattice (  =0) as shown by the triangle 
symbol. The inset (c) shows the screw dislocation core configuration at  =1.0. The core planarity 
increases under applied S tensor with .  The inset (c) shows the glissile configuration just 
before the on-set of slip at . The planar structure of the core facilitates the glide under 
applied loading. (e) illustrates the dislocation density distribution  corresponding to 
. As can be seen, the core extends with increasing  and finally attains a planar 
Burgers’ vector distribution over multiple lattice spacing.      
             The introduction of  enables to characterize the differences in the core shapes of the 
screw dislocation posited in the <249> compression sample more explicitly under increasing load 
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intensity. This point is illustrated in Figure 4.10 (e) for  = 0, 800, 1300. As the applied loading 
intensity increases,  the peak value of  at   decreases considerably from 0.32b to  0.13b 
gradually. This depreciation in the density of the infinitesimal dislocation density indicates that 
the core extends into a planar shape in order to be able to attain a glissile configuration. The 
tendency of the dislocation core structure towards attaining a planar structure under increasing 
loading intensity, as  illustrated in Figure 4.10 (c) to (e), facilitates the dislocation glide and 
decreases the theoretical CRSS values as will be demonstrated.   
          Revisiting the total energy description in Eq.(100), the term  stands for the line energy 
of the anisotropic screw dislocation and it is formulated as  [175, 222] :  
   (107) 
In Eq.(107),  K  is the anisotropic energy factor which is equal to for a screw dislocation with 
b = a [001] in B2 lattice structure. The R term is the outer cut-off radius and it is taken as a constant 
which is equal to 500 b throughout the calculations.  As can be seen, both  and  terms are 
dependent on the core width.  This attribute in  complies with the original treatments of Eshelby 
et al. [107] and Foreman [222] within the framework of anisotropic linear elasticity as they 
excluded the energetic contribution of the volume in which core structure resides, from their 
analyses.  At this point, it is to be noted that the elastic line energy definition can be extended to 
include the discrete lattice structure inside the screw core region  [223, 224]. However, as we 
utilize the interatomic force definitions already incorporated inside the misfit energy term , 
only the long range elastic energy is considered under  term. 
             The W term in Eq.(100) represents the work done by the applied stresses during the glide 
of a unit length screw dislocation on the glide plane. In addition to the glide stress ,the normal, 
, and non-glide shear, , stress components acting on the slip plane also contribute to the 
work done as a result of the core relaxation equilibrating the interatomic forces within the 
proximity of  dislocation core region. Therefore, the applied work is given by the expression in 
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Eq.(107) [196, 225] in which each of the displacement components, i.e. ,  and , are 
functions of both the external deviatoric stress tensor,  and the spatial coordinates.  
   (107)     
            The theoretical CRSS levels for each sample can be evaluated based on the normalized 
(with respect to b) maximum gradient of  with respect to the disregistry  ( ), 
i.e. max. Peierls’ stress, as follows [226]:     
   (108) 
The resulting theoretical CRSS values for the screw dislocations corresponding to the <111>, 
<349>, <5 8 18>, <249>, <259>, <148>, <188> and <011> oriented samples under uniaxial 
tension and compression are plotted in Figure 4.11. The experimentally measured values [180] are 
also included for comparison purposes. The experiments are conducted in the B2 regime and the 
onset of slip is detected with digital image correlation. To ensure no transformation or twinning 
developed, the samples were checked with EBSD (Electron Back Scatter Diffraction). As can be 
seen, the theoretical results show close correspondence with the experimental measurements 
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Figure 4.11 The CRSS as a function of the characteristic angle showing considerable tension-
compression asymmetry and crystal orientation dependence. The lines are placed to guide the eye.        
          Below Table 4.8 shows the variation of the parameters  and  based on the crystal 
orientation and the loading sense (tension or compression) just before the glide motion. As can be 
seen, both parameters are highly sensitive to the loading sense and varies also significantly in 
response to the orientation change. It is worth emphasizing that the greater the planar extension of 
the relative displacements within the core region of the screw dislocations, as can be seen in Figure 
4.10 and Figure 4.11, the greater value of the parameters   and . Therefore, the value of the 














Loading Sense            (Angstrom)         (Angstrom)       (c )  (Angstrom) 
Stress-Free 0 1.15 5.52 
<111>  T 1.39 3.09 10.65 
<111>  C 1.39 2.14 8.95 
<349>  T 1.43 2.69 10.04 
<349>  C 1.41 3.24 10.91 
<5 8 18> T 1.42 2.51 9.81 
<5 8 18> C 1.43 3.69 11.44 
<249> T 1.42 2.22 9.10 
<249> C 1.40 4.00 12.00 
<259> T 1.41 2.05 8.71 
<259> C 1.42 3.84 11.73 
<148> T 1.40 2.39 9.67 
<148> C 1.41 3.41 11.07 
<188> T 1.43 2.87 10.23 
<188>C 1.42 2.31 9.40 
<011> T 1.38 3.92 11.86 
<011> C 1.44 1.86 8.18 
 
Table 4.8 tabulates the dislocation center, , the  free parameter ‘ ’ and the core width  (c )  
values calculated under uniaxial loading along different crystallographic directions  just before the 
glide motion such that  varies between 1.38 and 1.44 Angstroms. 
            The comparison between the core width values in Table 4.8 and the CRSS values in 
Figure 4.11 suggests that the core width variation accompanying the core shape change is of 
fundamental importance on the CRSS levels. The extension of the core width ( ) accompanied 
with the drop in the peak value of dislocation density,  , promotes a 
planar  core configuration decreasing the lattice glide resistance. The close examination of  
dislocation core width and center values along with the theoretical and experimental CRSS 
values addresses that glide of a dislocation inside a discrete lattice structure is not an abrupt 
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under the applied loading.  Therefore, the CRSS values couple with the applied stress 
components and do not exhibit a unique value for a particular glide system as Schmid Law 
predicts. 
            One of the important points to discuss in assessing the theoretical work presented in this 
paper with the experimental measurements is that the finite temperature (293 K) in which the 
experiments are conducted might introduce additional mechanisms such as thermally activated 
kink-pair formation or cross-slip of the glissile dislocations. On the other hand, these 
mechanisms generally tend to smear-out the existing  non-Schmid effects associated with the 
dislocation core shape on the plastic yielding around room temperature (293 K) as observed in 
several bcc structured pure metals or alloy systems such as  Nb [227],Ta [143], Fe [144, 150], 
CuZn [228] . On the other hand, for B2 NiTi, the core effects on the plastic deformation persist 
even at finite temperatures. At this stage, it is crucial to point out that the prevalence of the non-
Schmid effects at 293 K is closely related to the strength of the anisotropic bonding structure 
prevalent in B2 NiTi [208, 210]. Similar behavior has also been observed for iron aluminides 
[59, 229]. This evidence also also presents a motivation for interrogating the plastic glide 
behavior of other shape memory alloys as these materials are known to exhibit strongly order 
dependent mechanical behavior owing to their complicated anisotropic bonding structure.     
4.3.8  Characterization of Yielding in B2 NiTi 
              The influence of the dislocation core is not confined to atomistic scale but also extends 
to the macroscopic plastic behavior of B2 NiTi. Although numerous studies have focused on 
proposing transformation criteria for NiTi [230-233], no such effort has been yet attributed to 
identify the onset of slip in the literature other than the conventional Schmid Law which we 
show herein to deviate considerably from the experimental theoretical values. Considering the 
paramount importance of the slip in functional performance of NiTi, we extended our analyses to 
characterize the onset of yielding by means of the applied deviatoric stress tensor components. 
To that end, we propose a generalized yield criterion [3, 150, 212] as expressed in Eq.(108) 
based on the theoretical and experimental measurements. For this purpose, we utilized  tensor 
components corresponding to the <111>, <349>, <5 8 18>, <249>, <259>, <148>, <188> and 




uniquely defined based on five independent components, we utilized the  tensor components 
of ,  , ,  and , i.e. CRSS.     
   (108) 
           The parameters , , , and  are evaluated from the  tensor components via a 
multi-variable linear regression analysis. The resulting values of these parameters are tabulated 
in Table 4.9.  
  (MPa)                     
1a                                 2a                                 3a                                 4a  
 240 0.14 0.11 -0.19 0.22 
 
Table 4.9  tabulates the values of the resulting for the parameters , , , ,  utilized in Eq. 
(108).    
As can be seen in Table 4.10, the CRSS values predicted by the generalized yielding 
criterion, Eq.(108), based on the deviatoric stress state are in close agreement with the theoretical 
results calculated within the modified Peierls-Nabarro framework and the experimental 
measurements. The close correspondence of the different approaches addresses that in order to 
characterize the yielding behavior in B2 NiTi, both normal, 
11S , 22S  and shear character, 12S  and 
13S ,  stress components should also be considered with the resolved shear stress acting along the 
glide direction, i.e. 
23S . This stems from the fact that as the core structure gradually transforms 
into a planar, glissile shape from a sessile configuration, the stress components other than the glide 
shear stress contributes to the displacement field inside the core [93, 234].  Therefore, the tensor 
S  should be considered with its each independent component unlike the classical approach  









11S 22S 21S 13S 23S
cr 1 11 2 22 3 21 4 13CRSS a S a S a S a S     
cr 1a 2a 3a 4a S
cr
cr 1a 2a 3a 4a
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    Generalized Yield Criterion  Modified Peierls-Nabarro Experimental 
Measurement 
                  (Eq.(108), MPa)                (This study, MPa)         (This study, MPa) 
<111>   Tension 234 230 246 
<111> Compression 274 283 284 
<349> Tension 268 255 - 
<349> Compression 219 225 - 
<5 8 18> Tension 272 268 - 
<5 8 18> Compression 213 200 - 
<249> Tension 275 281 262 
<249> Compression 181 180 177 
<259> Tension 276 285 - 
<259> Compression 187 195 - 
<148> Compression 205 206 - 
<148> Tension 261 270 - 
<188> Compression 282 280 - 
<188> Tension 237 245 - 
<011> Compression 361 365 334 
<011> Tension 212 195 214 
 
Table 4.10  The CRSS values calculated from the generalized yield criterion and the modified 
Peierls-Nabarro method are tabulated along with the experimental measurements. All the tabulated 
values are in units of MPa. 
         
                  In order to examine the yielding behavior of single crystalline B2 NiTi specimens with 
an   arbitrary uniaxial loading orientation, we revisit the concept of Schmid factor and modify it 
for the generalized yielding criterion expressed in Eq.(108). Based on conventional Schmid Law, 
the CRSS value can be calculated from the inner product of the applied deviatoric stress S  with 
the Schmid tensor P as follows in Eq.(109):  
 S PCRSS :   (109) 
where (:)  is the tensor inner-product operator. The Schmid tensor P depends on the single crystal 
loading axis and can be evaluated by utilizing the unit glide plane normal n and the unit slip 
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direction m vectors of the active glide system in the same coordinate frame as S tensor.  The 
formulation for P is expressed in Eq.(110) where   is the tensor outer-product operator.  
  P m n n m
1
2
      (110) 
            On the other hand, the onset of yield in B2 NiTi can be predicted based on Eq. (111) within 
the framework of the generalized yield criterion introduced.   
 
modS:Pcr    (111) 
The modified Schmid tensor 
modP   expressed in Eq.(111) is defined as following :   
modP P n m n m n n n n m n m m1 2 3 4a ( x ) ( x ) a a ( x ) a ( x )           (112) 
where (x) stands for the vector cross-product operator. These tensorial definitions of P and 
modP   
are useful from an engineering perspective as they can be utilized to calculate  the scalar projection 
factors  P and 
modP  along with an arbitrary unit vector v set parallel to the crystallographic loading 
direction [235] as follows:  
v P vP :    (113) 
 
modv P vmodP :    (114) 
            In Eq. (113)-(114),  P and 
modP  are denoted as Schmid factor and the modified Schmid 
factors respectively. These two projection factors can be demonstrated to quantify the onset of slip 
for a single crystal with an arbitrary v vector as slip initiates on a candidate glide system when the 
corresponding factor attains the maximum value depending on the yield criterion utilized, i.e. Eq. 
(109) or Eq.(111). Based on this rationale, the distribution of P and 
modP   on the stereographic 
triangle conveys the critical information of the single crystal orientations which will yield earliest 
under uniaxial loading, i.e. the orientations with max (P) and max (
modP ).      
           As can be seen in Figure 4.12, the modified Schmid factor, 
modP , in B2 NiTi exhibits 
significant tension-compression asymmetry manifested by the localization of the maximum value 
of the contours in the central zone for the uniaxial compression, in Figure 4.12 (a), and within the 
neighborhood of the [111]-[011] line for the uniaxial tension, in Figure 4.12 (b). The conventional 
Schmid law is not sufficient to distinguish tension-compression asymmetry as it predicts that the 
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single crystals with uniaxial loading direction parallel to [111] yields earlier compared to the other 
orientations under both tension and compression, i.e. shown in Figure 4.12 (c). As B2 NiTi 
yielding behavior deviates from the Schmid law and exhibits tension-compression asymmetry, the 
use of 
modP   factor is of paramount importance for an accurate prediction of plastic yielding.      
  
 
Figure 4.12 shows the distribution of modified Schmid factor, 
modP , in [001]-[011]-[111] 
stereographic triangle based on the deviatoric stress states corresponding to the CRSS values of 
modified  Peierls-Nabarro calculations: (a) under uniaxial compression, (b) under uniaxial 
tension.For comparison purposes, P factor distribution for the conventional Schmid law is also 
plotted in (c). It is to be noted P value is same for both tension and compression.  As can be seen, 
there is significant degree of tension - compression asymmetry at the onset of plastic glide in B2 
NiTi.  
4.3.9 Ramifications of the Results in the Shape Memory Field –Internal Stresses, Hysteresis 
and Fatigue Effects 
 As stated earlier in the introduction of the paper, the dislocation mediated slip produces 
redistribution of internal stresses. The local slip at transforming interfaces results in relaxation of 
internal stresses and activation of transformation in other domains of the specimen during 
subsequent transformation cycles [236]. Without the understanding of the propensity of slip in 
different orientations, it would be difficult to understand how such a rearrangement in internal 
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stress would be observed. For example the 011 grains slip readily in tension but rather strong in 
compression based on the results presented. Such anisotropy at the local level could generate large 
internal stresses upon cycling. Once the internal stresses are introduced, the transformation lattice 
correspondences that are favored are selected, and upon subsequent thermal cycling the material 
response will undergo transient changes. To ensure recoverability at microscale and upon repeated 
cycles the external stress levels can not far exceed the local slip stress. In that case, the degradation 
in functionality can develop negatively impacting the shape memory response [174].  
  The results may partially explain the reason for larger accumulation of residual strains  
observed in compression such as in  the [148] orientation [237]. No one has been able to explain 
it based on scientific grounds so far. As shown in Figure 58, the CRSS in compression falls below 
the corresponding tensile CRSS levels in the [148] case. Therefore, the slip stress upon 
transformation can more readily be reached in compression compared to tension adversely 
affecting the reversibility. It has been proposed that the development of dislocations at the 
austenite-martensite interfaces will change the internal stresses and shift the active martensite 
variants  to other grains (domains) [238]. Consequently, with continuous cycling and increase in 
dislocation density, the matrix slip resistance increases and ultimately approaches a saturation 
state. The stress hysteresis loop will also reach a steady state [239-242]. The high asymmetry of 
slip (shown in this work) will further modify the evolution of internal stresses and the hysteresis 
response with cycles.  Similarly, in isobaric experiments with thermal cycling, the initial 
accumulation of residual strains with cycles is followed by saturation of the loops leading to 
shakedown similar to that observed in metal plasticity [243]. Therefore, in both isothermal 
superelasticity and isobaric shape memory experiments discussed above, the non-Schmid slip 
behavior is expected to modify the transformation response by creating additional internal stresses. 
To that end, future constitutive behavior descriptions must account for the non-Schmid effects and 
alteration of internal stresses.  
The development of high internal stresses can be deleterious to fatigue response. Because 
fatigue crack nucleation will develop when the energy stored reaches a critical value in persistent 
slip bands, it would favor grains and domains that carry high internal stresses [244]. Therefore 
large levels of internal inhomogeneity could result in localization and onset of crack nucleation 
earlier than expected. For fatigue considerations, crystal plasticity formulations that typically 
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assume Schmid law need to be revised. This has implications in the response in terms of fatigue 
crack growth characteristics because the slip zone immediately ahead of the crack tip exists 
whether the remaining body undergoes reversible transformation. Irreversible slip at crack tips can 
promote accumulation of strains, and favorable conditions for accelerated crack growth.  
Apart from the factors discussed above, the high asymmetry of the slip in shape memory 
alloys has implications in processing of these alloys in the austenitic phase. Even though the non-
Schmid effects are believed to be confined to low temperatures in traditional bcc alloys, the 
situation differs in bcc ordered alloys. Clearly, in SMAs this effect extends to finite temperatures 
where phenomenon such as aging, deformation processing may take place. A better understanding 
of the permanent deformation behavior under different stress states would assist in predicting the 
shape setting operations. Furthermore, in engineering applications such as bending and twisting, 
the stress states are complex which also necessitate a rigorous description of the yield surface 
















Chapter 5: Conclusion 
The conclusions drawn from the current thesis are summarized for each chapter below including 
the microstructure-sensitive fatigue crack growth in Ni-Co sample and non-Schmid slip behavior 
in ordered shape memory alloys.  
Following conclusions are drawn from this work in Chapter 2: 
(1)  The slip transmission characteristics of the grain boundaries play a dominant role in the 
fatigue threshold levels of nanocrystalline Ni-2.89% wt. Co alloy.  It has been shown 
theoretically (within the framework of the MD simulations and the P-N formulation) that among 
the 3 types of symmetric tilt boundaries studied, ,  and 
; the highest and the lowest  fatigue resistances are evaluated in the 
microstructures composed of the  and  type boundaries.   
(2)  As a characteristic dimension, the grain size is shown to have a significant effect on the 
fatigue crack impedance of nanocrystalline Ni-2.89% wt. Co alloy. The refinement in the grain 
size (within range of 60 nm to 10 nm) is shown to promote higher fatigue threshold levels for the 
symmetric tilt ,  and  boundaries.   
(3) The pre-existing slip is theoretically shown to impart higher FCG impedance in 
nanocrystalline Ni-2.89 % wt. Co alloy compared to the pristine crystalline configuration. This 
shielding effect on the crack tip stress fields retard the crack propagation irrespective of the 
structures of the grain boundaries present ahead of the crack tip.  
(4) The dislocation motion simulations supplemented by the atomistic scale slip energetics and 
geometry calculations (within framework of P-N formulation) are shown to be capable of 
determining the fatigue threshold bounds associated with the different grain boundary types and 
the pre-existing slip. The resulting threshold bounds are in close agreement with the 
experimental crack growth rate measurements of nanocrystalline Ni-2.89%wt.Co alloy 
In this work, the non-Schmid effects governing the plastic deformation of DO3-Fe3Al 
single crystals are interrogated by making a distinction between the twin-antitwin symmetry (TA 
effect) and the role of NGS  components (NGS effect). Following conclusions are drawn from 
Chapter 3: 
3{111} 110   9{114} 110  
11{113} 110  
3{111} 110   11{113} 110  
3{111} 110   9{114} 110   11{113} 110  
150 
 
(1)   The glide resistance in {1 1 2}  planes in DO3-Fe3Al exhibits TA slip asymmetry. Slip in 
antitwinning sense is measured to be harder than the twinning sense.  
(2)  The presence of NGS  components is a major factor in non-Schmid behavior of DO3-Fe3Al. 
(3)  The theoretical CRSS values calculated utilizing MD simulations in modified P-N 
framework exhibit close agreement with the experimental measurements. 
(4) MS simulations showed that the core structure of the leading superpartial dislocation, with 
screw character, in unstressed DO3-Fe3Al crystallite is composed of three fractional dislocations 
split asymmetrically along the   {11 0}  planes. The stressed core configurations are calculated to 
extend over   {11 0}  planes by creating multilayered shear faults. The samples with the faults 
shearing   {11 2}  planes in the slip vector zone along twinning/antitwinning direction under the 
applied NGS  are observed to have a lower/higher calculated CRSS magnitude compared to no-
NGS  orientation.    
(5)  The elastic-anisotropic NGS and GS strain coupling related to the elastic compliance tensor 
components is calculated to have a  prevailing effect on the CRSS values calculated. This 
calculated coupling suggests that the anisotropy of the elastic constants may ease or harden the 
screw partial glide. Thus, CRSS values in DO3-Fe3Al, are dependent on both shear stresses 
acting on the glide plane, GS  and NGS , and GS strain.  
(6)  The generalized yield criterion encompassing both GS  and NGS  components is 
demonstrated to predict CRSS values in very good agreement with the modified P-N formalism 
and continuum scale experimental measurements. This is an inspiring step towards a prospective 
crystal plasticity model bridging both atomistically-informed methods and macroscale 
deformations in a material exhibiting non-Schmid plastic behavior such as DO3-Fe3Al. 
Following conclusions are drawn from this work in Chapter 4: 
(1) The core structure of a screw dislocation on {110} <001> glide system family in NiTi is 
evaluated by utilizing the Eshelby-Stroh anisotropic formulation in conjunction with molecular 
statics.  The core displacements extended over three {110} layers in the stress-free configuration  
while spreading of the core developed upon applied stress. 
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(2) The core shape of the screw dislocation exhibits variations under varying applied stress tensor 
components. It has been observed that the non-glide shear stress acting parallel/opposite sense to 
the applied glide force facilitates/hardens the glide motion. It is shown that the CRSS values are 
closely linked with the planar extent of the core displacement field. 
 (3) A modified Peierls-Nabarro formulation has been established which can successfully capture 
both crystal orientation and tension-compression asymmetry observed in the experimental CRSS 
values in a quantitative fashion. Mathematically, it has been shown that the core width affecting 
the disregistry inside the dislocation core is decisive on the CRSS values.   
(4) The results show clearly why <111> oriented crystals are favored in shape memory. This is 
because our calculations and experiments clearly address that this orientation exhibits higher slip 
resistance than expected based on Schmid factor considerations.  
(5) The results also point to the high slip resistance of <148> and <249> orientations in tension. 
In fact, the early experimental results in tension have already pointed to the superior shape memory 
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